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ABSTRACT 
 
 
Superalloys have often been used for applications where a metal that can withstand high stresses, 
retain high strength at high temperatures, and resist oxidization is desirable.  Such applications 
include parts in the hot zone of jet engines, exposed machine components during highly reactive 
processing techniques such as fluoroelastomer extrusion, and industrial uses such as heat 
exchanger tubing or gas turbines. Recently, exploration into small-scale devices known as 
microelectromechanical systems (MEMS) have shown that there is a dearth of known materials 
for these devices when properties such as electrical conductivity or toughness are required, 
concomitant with exposure to high temperatures and/or reactive environments. The lack of known 
suitable materials is a result of the MEMS industry typically relying on well-studied silicon-based 
materials such as silicon nitride, silicon carbide, or polysilicon. Therefore, superalloys have been 
recently proposed to complement emerging MEMS applications as such devices continue to be 
pushed into novel design spaces. 
This present examination will show that using a standard MEMS fabrication technique, 
direct current magnetron sputtering (DCMS), on a superalloy can cause precipitation behavior that 
is inconsistent with bulk behavior. The rich planar defects present in the DCMS Haynes® 242™ 
used in this investigation caused the material to contain both face-centered cubic (FCC) and, 
unexpectedly, significant amounts of hexagonal close-packed (HCP) domains. This mixed close-
packed crystal structure caused the Ni-Mo-Cr alloy Haynes® 242™ to directly precipitate the 
stable HCP-based DOa-type Ni3Mo phase during a standard aging heat treatment. This 
precipitation entirely bypassed the normally expected metastable FCC-based Ni2(Mo,Cr) phase. 
This finding was corroborated using multiple examination techniques such as x-ray diffraction, 
transmission electron microscopy (TEM), in situ TEM, and high-resolution scanning transmission 
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electron microscopy. Despite the departure from normal aging behavior, it was determined that 
when planar defects were eliminated with a solution anneal and a complete FCC solid solution was 
recovered, the material exhibited normal precipitation behavior upon subsequent heat treatments.  
Stemming from these results, it is evident that careful scrutiny of the effects of non-
standard processing techniques on superalloys must be employed prior to their introduction to 
MEMS. On the other hand, these findings may portend an increased design space centered on as-
yet undiscovered HCP-based ordering in superalloys that are normally exclusively FCC-type. This 
postulation arises from the close link between the starting microstructure and subsequent 
precipitation. In addition to careful scrutiny of HCP and FCC-based precipitation in sputtered 
Haynes® 242™, this thesis will also examine mass transport in sputtered metals via DCMS 
diffusion couples. Finally, recommendations on appropriate heat treatments for DCMS superalloys 
will be proposed in order to ensure such materials exhibit desired precipitation behavior. These 
recommendations focus on careful control of key microstructural defects that are native to the as-
deposited DCMS superalloy films. 
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CHAPTER 1 
INTRODUCTION 
Recent advances in microelectromechanical systems (MEMS) have focused on broadening 
material selection in order to meet ever-growing industrial needs, such as implementing the 
devices in harsh environments [1,2]. Contemporary MEMS are typically made of silicon carbide, 
silicon nitride, or polysilicon, all of which have high strength but can fail catastrophically under 
high stress intensity [3]. Therefore, materials with a predictable mode of failure have been 
proposed for modern MEMS. 
Producing suitably-sized components for MEMS is a complex problem, and methods for 
doing so frequently depart dramatically from conventional processing techniques for macroscale 
products. Common methods for processing bulk ceramics, for example, often include casting or 
pressing an object and then sintering; bulk metal products are often formed by techniques such as 
rolling, casting, or extrusion. However, processing of <1 mm size parts often requires more 
specialized techniques that aren’t often used in bulk material processing. These techniques can 
include mechanical thinning, electrodeposition, or direct current magnetron sputtering (DCMS) 
[4–8]. The consequence of using such formation techniques is that the resulting microstructure is 
often very fine, highly textured, and may include a high density of point and planar defects [9,10]. 
Investigations into such processing techniques applied to pure metals for MEMS have 
demonstrated spontaneous grain growth even at room temperature [11]. Spontaneous grain growth 
limits the applicability of these parts, as the resulting large grain size leads to decreased Hall-Petch 
strengthening, and work hardening is not a viable option. In light of the need for material stability, 
strength, and toughness, the material selection therefore falls to more thermally stable materials 
such as superalloys.  
 2 
 
While the effect of DCMS on the initial microstructure of element metals or simple alloys 
have been examined extensively [5,12–14], few investigations have thus far been carried out to 
observe subsequent phase transformations in DCMS superalloys. Of the limited literature available 
on this area of interest, one particular phenomena that has been reported is the apparent departure 
from normally expected aging behavior. However, a specific model to explain the change in aging 
behavior has yet to be proposed [1]. 
In this document, a sputtered superalloy will be examined and an experimental method for 
determining the underlying mechanism behind the modified ordering behavior will be proposed. 
Chapter 2 provides an overview of phase identification using transmission electron microscopy 
and x-ray diffraction. That chapter also covers the current understanding of superstructures and 
their transformation pathways in superalloys between the 2Ni:(Mo,CR) and 3Ni:(Mo,Cr) 
stoichiometries. In Chapter 3, a summary of the experimental methods pertinent to this dissertation 
is provided.  
Chapter 4 of this document provides experimental results including a variety of ex situ and 
in situ heat treatments with transmission electron microscope examinations of precipitation in a 
sputtered Haynes® 242™ superalloy. These results are corroborated with high resolution scanning 
transmission electron microscopy and x-ray diffraction. Chapter 4 concludes with a brief 
investigation into the effect of high defect density in sputtered films on their mass transport 
properties.  
The close link between the as-deposited microstructure in the DCMS superalloy and its 
subsequent departure from normally expected precipitation behavior is discussed in detail in 
Chapter 5. In addition, methods for recovery of bulk-type precipitation are examined and 
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discussed. While the impact of defect density on precipitation behavior is also inspected, it is 
concluded that the mixed FCC and HCP ordering of the as-deposited microstructure plays a larger 
role in its precipitation behavior based on known precipitation pathways.  
This thesis closes with Chapter 6, where a summary of the conclusions drawn from this present 
research and recommendations for future investigation pathways are presented.  
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CHAPTER 2 
BACKGROUND AND LITERATURE REVIEW 
The aging properties of many different superalloys formed by classic techniques have been 
investigated in-depth. However, there has been little examination into how these properties might 
be affected by non-equilibrium starting microstructures. As superalloys are pushed into industrial 
uses where microscale processing techniques are required, the effects of sputtering on the 
microstructure and aging of a superalloy must be understood. Microstructure characteristics that 
are native to sputtered alloys - including planar defects, point defects, strong preferential texture, 
and small grain size - must all be considered. This chapter will address the background and 
literature relevant to aging a superalloy formed by direct current magnetron sputtering. As such, 
this chapter is organized into several distinct topics. These topics include examination techniques, 
planar defects, a general overview of superalloys, precipitate strengthening, precipitates specific 
to the Haynes® 242™ superalloy, and general properties of Direct Current Magnetron Sputtering. 
Finally, this chapter concludes with a short commentary on the current unknowns in contemporary 
literature regarding the impact of sputtering on the microstructure and kinetics of superalloys. 
2.1 Transmission Electron Microscopy with Diffraction for Material Investigation 
Prior to discussion of the material properties and defects of interest to this investigation, it is 
important to describe the principal methods by which the material will be examined. This necessity 
arises because analysis of precipitates in nickel superalloys is a historically complex problem, 
requiring careful scrutiny of collected diffraction data in order to differentiate between 
intermetallic phases. The chief investigation techniques used in this research are transmission 
electron microscopy (TEM) with diffraction as well as x-ray diffraction (XRD).  Implementation 
and interpretation of TEM diffraction specifically will be referenced throughout the background 
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in order to contextualize crystalline ordering behaviors. The crystallographic features of interest 
include different types of close-packing, different types of superstructures and their reciprocal 
structures, and planar defects such as stacking faults and twins. 
2.1.1 TEM diffraction on crystal structures 
When a crystal structure exhibits organization that is periodic over a longer range than nearest-
neighbor ordering, it creates a superstructure. When these superstructures manifest as coherent 
precipitates in a material, their existence can be identified by transmission electron microscopy 
with diffraction. In nickel superalloys alloyed with molybdenum, many superstructures can be 
described by plane-specific segregation of molybdenum. For example, when superalloys have 
compositions that stabilize precipitates with stoichiometry near 4Ni:Mo, 3Ni:Mo, and 2Ni:Mo, 
their superstructures may be described by segregation of molybdenum to every fifth, fourth, and 
third {420}FCC plane, respectively [1]. This long-range ordering manifests as superlattice 
reflections in TEM diffraction, correlating with the planar segregation of molybdenum. Structures 
where molybdenum segregates to every fifth, fourth, and third {420}FCC plane will therefore 
exhibit superstructure reflections every 1/5, 1/4, and 1/3 {420}FCC fundamental reflection position 
[2]. The ordering of these Ni-Mo superstructures make it straightforward to differentiate between 
different structures in Ni-Mo superalloys in TEM diffraction, and provide a basis for the 
superstructures to be described by their positional diffracted intensities. Select structures and their 
TEM diffraction behavior will be discussed in detail in Section 2.7. 
2.2 X-Ray Diffraction Analysis Techniques 
X-ray diffraction (XRD) is a tool that can be used to identify phases in a material. The usefulness 
of XRD as a technique, however, falls to the information that in-depth analysis can provide. Two 
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analysis techniques – Le Bail and Rietveld – were employed in this investigation. In the following 
sections the uses and general implementation of these techniques will be discussed. 
2.2.1 Le Bail Analysis 
Le Bail analysis is an XRD interpretation technique that uses pre-known crystal structures to fit 
complex diffraction data [3]. Data sets that are appropriate for Le Bail analysis include sets that 
can have overlapping peaks or complex intensity profiles due to substitutional atoms. This 
possibility arises because the Le Bail method fits diffraction data using only cell size and space 
group of known atoms; no information on the elements present in the material is necessary [3].  
Le Bail analysis was selected as an appropriate first-pass analysis technique for the 
materials in this investigation due to the long-range ordering behavior of the expected 
superstructures. Specifically, in the various possible superstructures for Haynes® 242™ and other 
superalloys near 3Ni:(Mo,Cr) stoichiometry, chromium and molybdenum can be substitutional for 
each other. The propensity for molybdenum and chromium to be substitutional for each other on 
various lattice sites in the HCP and FCC superstructures leads to inexact peak intensities when 
comparing theoretical and experimental XRD diffraction patterns from known superstructures. 
Furthermore, Le Bail analysis can assist in identifying phases with strong overlapping peaks, such 
as the FCC/FCC-based superstructures and HCP/HCP based superstructures.  
2.2.2 Rietveld Analysis 
Rietveld analysis is a method that uses pre-determined parameters to calculate a diffraction pattern 
that fits collected XRD data. Unlike the Le Bail method, Rietveld analysis depends on the exact 
atomic positions in a crystal structure to be known. In order to use this analysis technique 
effectively, additional prior information about a material – such as the general crystal structure and 
preferential crystallographic orientation – must also be known. The Rietveld method uses a least-
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squares refinement approach to calculate a model XRD pattern, and then refines the pattern to 
better match the collected XRD pattern using equation 2.1 [4]: 
𝑀 = ∑ 𝑤% &𝑦(𝑜𝑏𝑠)% − ./ 𝑦(𝑐𝑎𝑙𝑐)%345%6.   Equation 2.1 
This equation determines the minimum form of the function M, using weighting factor w, scaling 
factor c, and where y(obs) and y(calc) are the intensities of the observed and calculated diffraction 
pattern at a given point i. The weighting factor w is generally calculated using equation 2.2: 𝑤% = .7(89:);    Equation 2.2 
The goodness of fit between the Rietveld constructed pattern and collected XRD pattern can be 
calculated using a weighted profile R-factor [5]. This factor, RwP, is calculated using equation 2.3: 
𝑅=> = ?∑ =;[7(89:);A7(/BC/);]E; ∑ =;7(89:);E; FGE   Equation 2.3 
By minimizing the differences between the Rietveld model pattern and the collected XRD pattern, 
and then calculating the goodness of fit RwP, the accuracy of the structure information extracted 
from this method can be determined. 
2.3 Summary of Examination Techniques 
Various examination techniques can be used to observe and characterize the materials of interest 
in this investigation. The applicability of each technique depends on the material property to be 
observed. The major techniques used in this investigation include transmission electron 
microscopy with diffraction and x-ray diffraction. By introducing these examination techniques, 
the material properties of interest can now be better contextualized and compared in the following 
sections.  
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2.4 Close-Packed Crystal Structures and Planar Defects 
Planar defects are a disruption of the long range ordered structure of a crystal. The ability of a 
particular metallic species to form a planar defect is dependent on its stacking fault energy; this 
stacking fault energy can be altered by alloying. The effect of alloying on a nickel alloy can be 
calculated using the equation presented in 2.4 when the relative atomic percentages of the alloying 
elements are known [6]: 	∆𝛾	:% = 1.66(𝑎𝑡%𝐶𝑟) + 1.72(𝑎𝑡%𝐴𝑙) + 8.0(𝑎𝑡%𝑇𝑖) + 1.66(1.66𝑎𝑡%𝑀𝑜) +50%(𝑓𝑜𝑟	𝑊) + 0.96%(𝑎𝑡%𝐶)      Equation 2.4 
As a note, it is likely that this equation underestimates the contribution of molybdenum, such that 
molybdenum-containing superalloys may have a lower stacking fault energy than that calculated 
by this formula [6]. For reference, some comparative metal stacking fault energies and the 
calculated stacking fault energy of the superalloy of interest to this investigation, Haynes® 242™, 
are listed in Table 2.1 
Table 2.1: Stacking fault energies of some pure FCC metals as well as the calculated stacking 
fault energy for the Ni-25Mo-8Cr superalloy Haynes® 242™. 
 
Metal Stacking fault energy (mJ/m2) 
Silver [7] 25 
Copper [7,8] 40-45 
Aluminum [8] 166 
Nickel  [7–9] 125-150 
Haynes® 242™ (calc.) 37-44 
 
The types of possible stacking faults in FCC materials are intrinsic stacking faults, extrinsic 
stacking faults, and twins. These stacking faults occur on the closest-packed plane of the FCC 
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system, which is the {111}FCC family of planes. An intrinsic stacking fault in a face-centered cubic 
(FCC) crystal structure is characterized by the removal of a row of atoms in the normal stacking 
sequence. On the other hand, an extrinsic FCC stacking fault occurs when an extra row of atoms 
is inserted into the crystal structure. Finally, a twin occurs when there is a reflection of the ordering 
sequence across an atomic plane. Common planar defects in crystalline species are shown in Figure 
2.1. In sections 2.4.1 and 2.4.2, the close packed systems - face centered cubic and hexagonal close 
packed - will be discussed; their relationship to each other will be discussed in section 2.4.3. 
 
Figure 2.1: Planar faults including an intrinsic stacking fault, extrinsic stacking fault, and twin in 
a face-centered cubic crystal. The letter notation (A,B,C) to the left of each hypothetical crystal 
indicates the relative position of each plane. 
 
2.4.1 Face-centered cubic structure 
A single unit cell of a face-centered cubic (FCC) crystal structure can be described by a cube with 
an atom at every corner and atom on every face of the cube, as shown in Figure 2.2. The reciprocal 
lattice of the FCC structure is a body-centered cubic (BCC) crystal structure. When examined in 
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reciprocal space via transmission electron microscope diffraction, FCC crystals have allowed 
reflections when H, K, and L are all odd or all even [cite]. The forbidden reflections of FCC 
crystals occur where H, K, and L are a mix of odd and even. 
 
Figure 2.2: A  face-centered cubic crystal structure. 
2.4.2 Hexagonal close-packed structure 
The hexagonal close-packed (HCP) structure can be described by a hexagonal prism with an atom 
at every corner, an atom at each hexagonal face, and three atoms in the central plane of the prism, 
as shown in figure 2.3. In TEM diffraction, the HCP structure exhibits allowed reflections when L 
is even and H +2K =/= 3n; forbidden reflections occur when L is odd and H + 2K = 3n. 
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Figure 2.3 A hexagonal close-packed crystal structure. 
2.3 Relationship between FCC and HCP in terms of planar faulting 
FCC and HCP structures are both close-packed stacking sequences and are related to each 
other by a planar fault on the {111}FCC or {0001}HCP plane. Both FCC and HCP crystal structures 
have a coordination number of 12; they differ by the nearest neighbor configuration. In the case of 
the FCC crystal structure, the ordering sequence in the [111] direction is ABCABC; in HCP, the 
ordering sequence in the [0001] direction is ABABAB. Figure 2.4 shows an FCC crystal 
containing twin faults; atomic ordering contrasting FCC-like or HCP-like ordering is noted on the 
left-hand side. 
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Figure 2.4: planar faults in an FCC crystal arise to regions that have local “HCP-like” ordering, 
vs “FCC-like” ordering. 
 
As a note, crystal structures with planar faulting are not typically described as having both 
HCP and FCC-like ordering. The reason it is not typically necessary to describe both types of 
close-packed ordering is because the density of planar faults is generally limited by the stacking 
fault energy required to nucleate planar defects, as described in the introduction to section 2.4. 
Despite the limitation on planar faults due to stacking fault energy, it has been previously noted 
that presence of planar defects can have a critical role in the FCC à HCP phase transformation in 
nominally FCC materials, such as 18/8-type stainless steel and various superalloys [10,11]. 
Distinguishing between FCC and HCP in TEM diffraction depends on knowledge of the zone axis 
of interest concomitant with careful scrutiny of the extinction rules for each structure. 
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Distinguishing between HCP and FCC-like crystallinity can also be carried out via x-ray 
diffraction.  
The two classes of close-packed ordering, as well as the less densely packed BCC structure, 
are three different fundamental ordering types that are observed in transition metals. Having 
discussed both types of close-packed ordering in detail, more complex structures based on these 
ordering types can now be discussed. These complex structures are defined by site-specific 
segregation of the constituent elements of an alloy. Such complex structures, also known as 
‘superstructures’, are often seen in a special type of metal known as a superalloy. 
2.5 Elements and Ordering in Superalloys 
Before introducing the specific intermetallic structures that are pertinent to this investigation, it is 
important to discuss some general properties of superalloys in order to establish fundamental 
concepts. Superalloys are a class of metal that exhibit excellent strength and ductility at elevated 
temperatures, where other alloys typically exhibit severe diminishment of such properties. Often, 
the most important selection factor when considering superalloys over other more common 
commercial alloys falls nearly exclusively to their resistance to deformation at elevated 
temperatures. Predominately based on the element nickel, superalloys achieve their high-
performance properties via alloying with additional elements, including but not limited to 
chromium, aluminum, iron, and/or molybdenum. Due to their toughness and resistance to 
corrosion in high temperature, oxidizing environments, superalloys have been widely used in 
diverse applications such as the hottest part of gas turbine engines for aerospace applications [12], 
fluoroelastomer fabrication parts  [13], and nuclear power plants [14]. The following sections will 
address the justification of nickel as the solute element in superalloys; then, two specific classes 
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of superalloy will be addressed: solid-solution-strengthened superalloys, and precipitate-
strengthened superalloys. 
2.5.1 Justification of nickel as a basis element for superalloys 
If one were to select an appropriate matrix element for superalloys based on thermal resistance 
alone, nickel would not present itself as an obvious choice. As demonstrated in Figure 2.5, nickel’s 
melting point is only just above 1700 K (~2650°F), whereas other metals such as vanadium, 
molybdenum, and tungsten exhibit melting points in excess of 2000 or even 3000 K. The selection 
of nickel as an appropriate basis material for superalloys therefore falls to properties that it exhibits 
beyond high temperature properties; one specific material property to consider is the crystal 
structure.  
 
Figure 2.5 Melting point of various elements vs their atomic number, adapted from Reed 2006 
[15] with permission from Cambridge University Press. 
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The crystal structure of a metal is an important factor in its strength and ductility. Pure 
transition metals can have one of three crystal structures – face centered cubic (FCC), body 
centered cubic (BCC), or hexagonal close packed (HCP) [15]. Expected room-temperature crystal 
structures for select transition metals is shown in Figure 2.6. Nickel is an FCC metal; FCC metals 
typically exhibit good strength as well as good ductility due to the properties of its permitted 
dislocation slip planes. In the FCC crystal structure, slip can occur on any one of twelve slip 
systems, which are on the {111} planes in the <110> directions.  BCC metals, on the other hand, 
can have up to 48 possible slip systems; these include the {110} planes, the {123} planes, and the 
{112} planes, all with <111> directions. Activation of slip systems in HCP metals typically 
depends on material specific properties. Most often, HCP materials will only have slip on the basal 
{0001} planes along the <11-20> directions. Depending on various properties, such as the ratio 
between the magnitude of the c and a crystal lattice vectors, HCP metals can also potentially 
exhibit prismatic and pyramidal slip. Prismatic slip occurs on the {101_0} planes in the < 112_0 > 
directions, and pyramidal slip occurs in the 1/3< 112_3 > directions on the {101_0} planes [16].  
When considering crystal structure and melting temperature, it is finally evident why nickel 
is the most common base element in superalloys: nickel has good mechanical properties due to its 
FCC lattice structure, and does not have a low melting temperature. With the justification of nickel 
as a suitable base element for superalloys, it is now appropriate to address two specific classes of 
superalloys: superalloys that are not strengthened by precipitation, and superalloys that are.  
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Figure 2.6: crystal structures of the transition metals, adapted from Reed 2006 [15] with 
permission from Cambridge University Press. 
 
2.5.2 Solid-solution-strengthened superalloys 
Solid-solution-strengthened superalloys are alloys that exhibit high strength relative to a pure 
metal or other less robust alloys due to substitutional atoms on the crystalline lattice. Nickel is 
fairly easy to strengthen this way, because the material has a very small atomic radius [17]. It is 
therefore trivial to find elements of sufficiently larger atomic radius for strengthening a nickel 
superalloy via solid solution strengthening; common elements used for this purpose include 
molybdenum, tungsten, cobalt, iron, chromium, vanadium, titanium, and aluminum [18]. A two-
dimensional schematic to illustrate how a solute atom might impact the crystal lattice of a material 
is shown in Figure 2.7.  
The function of solid solution strengthening is to impede dislocation motion. This 
strengthening occurs due to interactions between the strain on a crystal lattice around a 
substitutional atom and the strain field surrounding dislocations. For example, the compressed 
strain field around a large solute atom would repel the compression zone of an edge dislocation. 
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Conversely, this compressed strain field would attract the tensile zone of an edge dislocation, 
effectively trapping it until sufficiently high shear stress is applied.  
 
 
Figure 2.7: An example of a large (left) and small (right) solute atom in a solid solution crystal 
structure. Both of these substitutional atoms cause severe displacement of surrounding atoms in 
the crystal, resulting in a stress field around the solute atom. 
 
According to Mott and Nabarro, the yield stress for a dilute solid solution is: 𝜏 = 2𝐺𝜖𝑐     Equation 2.4 
Where t is the yield stress, G is the shear modulus, 𝜖 is the misfit, and c is the concentration of 
solute atoms. The misfit, 𝜖, is proportional to the lattice misfit (∆𝑎) between the matrix lattice 
parameter (𝑎o) and the lattice parameter of the solute atom [18]: 𝜖 = ./ ∆BBg     Equation 2.5 
From these equations, it is straightforward to conclude that solid solution strengthening occurs due 
to the change in atomic size between the solute and matrix atoms.  
Solid solution strengthened superalloys are typically used in applications operating at lower 
temperatures, compared to applications where precipitation-strengthened superalloys must be 
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used, since the latter exhibits higher resistance to deformation at higher operating temperatures 
[19]. However, solid solution strengthening is often used in conjunction with precipitation 
strengthening, allowing the material of interest to be implemented at higher operating temperatures 
relative to superalloys strengthened by solid solution strengthening alone.  
2.5.3 Precipitation-strengthened superalloys 
Precipitation-strengthened nickel-based superalloys derive their strength by dispersed ordering of 
intermetallics throughout an FCC alloy matrix. These superalloys typically exhibit a higher yield 
strength than alloys that exclusively use solid solution strengthening [19]. Furthermore, 
precipitation-strengthened superalloys can be used at higher operating temperatures than 
superalloys that use solid solution strengthening alone.  
 When precipitates in a superalloy are small, ordered, and coherent, a dislocation impinging 
upon the precipitate must create an antiphase boundary or, upon shearing through the precipitate, 
must create additional surface area of the precipitate [20]. Both of these energetically unfavorable 
outcomes act as barriers to dislocation motion. On the other hand, when precipitates are very large 
or incoherent or deformation occurs at a higher temperature, precipitates undergo other dislocation 
motion mechanisms such as dislocation climb or looping [20,21]. 
Precipitation in superalloys can be induced by aging, which is a heat treatment carried out 
at a sufficiently high temperature to allow for diffusivity of the constituent elements, but not high 
enough to induce significant annealing effects such as recrystallization, recovery, or grain growth. 
A typical pre-service treatment of a superalloy for industrial applications involves forming the part 
of interest via casting, rolling, or machining, followed by a pre-service heat treatment. The pre-
service heat treatment typically involves a high temperature anneal and quench in order to ensure 
a uniform solid solution of the superalloy. This anneal and quench is followed by an aging 
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treatment at a more moderate temperature, which allows for the intermetallic of interest to 
precipitate from the solid solution. An example of typical pre-service heat treatment is observed 
in the typical treatment of the superalloy Haynes® 242™: first, the formed part is exposed to an 
anneal at 1066°C for 30 minutes and then quenched, then aged at 650°C for two days, before it is 
finally ready to be used. 
The ordering of the intermetallic precipitate in precipitation-strengthened superalloys with 
coherent precipitates depends on the alloying elements and relative concentrations thereof in the 
superalloy of interest [22]. It is important to control the type of precipitate, since the elastic 
properties of the ordered intermetallic will have a dramatic impact on the strength and ductility of 
the overall material. Superalloy precipitates can be broadly classed into two different categories: 
coherent precipitates and incoherent precipitates [23]. Coherent precipitates are characterized by 
registry with the surrounding matrix phase; incoherent precipitates have no registry with the matrix 
lattice. The most widely-known coherent precipitate in nickel superalloys is the gamma prime, 
which has a composition of Ni3(Al,Ti) and L12 crystal structure [17,18]. However, other 
superalloys can precipitate different coherent intermetallics, depending on the material 
composition. The superalloy of interest to this investigation, for example, is typically strengthened 
by the less well-known Ni2(Mo,Cr) intermetallic which is coherent with the FCC matrix and 
isomorphous with Ni2Cr and Pt2Mo superstructures. 
Despite the known correlation between precipitates and material strength, it is possible for 
a material to exhibit deleterious mechanical properties from precipitates, typically from overaging. 
Overaging in superalloys occurs when the superalloy part has been exposed to high temperatures 
for an extended amount of time, causing a deleterious effects to the mechanical properties. There 
are two different mechanisms by which a superalloy can overage: over-coarsening of the 
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precipitate phases, or precipitation of additional undesirable intermetallic phases. Of these two 
overaging mechanisms, the first is most common. As the superalloy is exposed to high 
temperatures for extended periods of time, the precipitate phase continues to coarsen. While this 
coarsening may initially be associated with additional strengthening of the superalloy, eventually 
the precipitate concentration and size reaches a critical threshold. Following this critical size, the 
superalloy actually exhibits overall softening, since the concentration of precipitate interfaces has 
effectively been diminished due to the large precipitate size.  
The other mechanism by which a material may overage is by precipitation of undesirable 
intermetallics. This additional precipitation occurs via spinodial decomposition of the initially-
desired precipitate phase and the surrounding matrix phase. This decomposition causes defects and 
instabilities that allow for precipitation of yet another phase. This precipitation-decomposition-
precipitation phenomena is complex and varies for different superalloys where such deleterious 
behavior is possible. A detailed description of decomposition and undesirable precipitation is 
expanded upon for the specific case of Haynes® 242™ in Section 2.7.3. 
Having discussed the general properties of precipitate-strengthened superalloys, it is now 
appropriate to further narrow this discussion to the Ni-Mo-Cr ternary system of interest to this 
investigation. 
2.6 Ni-Mo-Cr Superalloys 
In the following sections, select phase diagrams and some superstructures specific to Ni-rich Ni-
Mo-Cr superalloys will be discussed. Following this general background, a more specific 
discussion pertaining to the superstructures in the Ni-25Mo-8Cr wt% superalloy Haynes® 242™ 
will be covered in detail in Section 2.7.  
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Nickel superalloys that are alloyed with chromium and molybdenum exhibit various types 
of precipitation depending on the relative stoichiometry of the constituent elements. Nickel is an 
FCC transition metal, whereas chromium and molybdenum are both BCC transition metals. Binary 
systems of particular note to this thesis, namely the Ni-Cr and Ni-Mo binary phase diagrams, are 
shown in Figures 2.8 and 2.9, respectively. One particular point of interest is the Ni-Cr binary 
phase diagram shows a region of stability for Ni2Cr, at 66% Ni below 590°C, but the Ni-Mo system 
shows no such similar superstructure.   
Ternary phase diagrams of the Ni-Mo-Cr system reveal a number of superstructures that 
are highly sensitive to composition. The specific superstructures of interest to this thesis occur in 
the regions around the 3Ni:Mo,Cr and 2Ni:Mo,Cr compositions. Ni-Mo-Cr superalloys for 
industrial uses typically exhibit a nickel rich FCC-type solid solution with FCC-based precipitate 
superstructures. A ternary phase diagram showing Ni-Mo-Cr near the annealing temperature of the 
Ni-25Mo-8Cr superalloy used in this investigation is shown in Figure 2.10. At this elevated 
temperature, the superalloy generally exhibits an FCC structure with some limited Short range 
ordering. At the aging temperature for this superalloy, however, a region of stability for the 
Ni2(Mo,Cr) superstructure can be seen, shown in Figure 2.11. Few investigations have calculated 
regions of stability for the typically metastable Ni2(Mo,Cr) (oP6) precipitate, but it is shown in 
Figure 2.11 due to special considerations employed by Turchi et al [24]. Despite the presence of 
Ni2(Mo,Cr) being shown in the phase diagram of 2.11, this superstructure is typically metastable 
and will eventually decompose into more stable precipitates, as described in Section 2.6.2. Other 
works contend that a region of stability for Ni2(Mo,Cr) has not been observed in the Ni-Mo-Cr 
system [25]. 
 23 
 
Figure 2.8: Cr-Ni phase diagram, showing Ni2Cr below 540C where the composition is 2Ni:Cr. 
Reprinted from [24] with permission from Elsevier.  
 
 
Figure 2.9: The Mo-Ni phase diagram, showing various NixMo1-x compounds below 1400°C. . 
Reprinted from [24] with permission from Elsevier. 
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Figure 2.10: Ternary phase diagram of Ni-Mo-Cr at a temperature approaching the annealing 
temperature of interest in this investigation.  Reprinted from [24] with permission from Elsevier. 
 
Figure 2.11: Ternary Ni-Mo-Cr phase diagram approaching the aging temperature of interest in 
this investigation. The Ni2(Mo,Cr) phase of interest in this investigation is designated by its 
Pearson symbol, oP6. Reprinted from [24] with permission from Elsevier. 
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2.7 Superstructures Specific to the Haynes® 242™ Superalloy 
Haynes® 242™ (Ni-25Mo-8Cr wt%) is a nickel-based superalloy that was selected for this 
investigation due to its commercial availability, in addition to its superior resistance to chemical 
attack and high strength in high temperature conditions. This alloy exhibits a low coefficient of 
thermal expansion relative to other superalloys due to alloying with a relatively high molybdenum 
content, as opposed to aluminum or iron [13,26]. The material also exhibits good resistance to 
chemical attack, including resistance to water vapor and even high temperature fluoride, due to 
passivation of its surface via molybdenum and chromium.  
Haynes® 242™ products can be formed via a number of conventional metallurgy 
techniques such as rolling or casting. After the product is formed, it is solution annealed at 1066°C 
and then quenched, resulting in a short-range ordered (SRO) FCC crystal structure [27–29]. The 
material is subsequently aged at 650°C for 24-72 hours, precipitating the long range ordered (LRO) 
Ni2(Mo,Cr) (Pt2Mo-superstructure) phase, which is stabilized by the presence of chromium [30]. 
These precipitates are small (~10nm), lenticular, and coherent with the face-centered cubic (FCC) 
matrix  [19,31]. Haynes® 242™ is the first commercial nickel superalloy intentionally 
strengthened via Pt2Mo-type precipitates [13]. In sections 2.7.1-2.7.3, the ordered structures that 
have been observed in Haynes® 242™ are introduced and discussed. In section 2.7.4, the 
transformation pathway is described. In 2.7.5, images of known diffraction patterns are compared 
in order to clarify identification of the superstructures of interest.  
2.7.1 Short Range Ordering in Ni-25Mo-8Cr 
Short-range ordering (SRO) is a phenomenon that has been observed in a number of Ni-Mo alloys 
that contain 8-33 at.% molybdenum [32]. This behavior can be identified in transmission electron 
microscope (TEM) diffraction. Diffraction patterns collected from these materials exhibit 
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characteristic reflections from the FCC atomic planes, but show additional weak intensity at {1½ 
0} positions with an absence of intensity at {210} positions [1]. While it is beyond the scope of 
this investigation, it is worth mentioning that the precise atomic ordering that causes SRO-type 
super reflections is controversial [29,32]. In short, one theory proposes that the reflections arise 
from Ni2Mo2 stacking on {420} FCC planes [1,22]. An opposing theory postulates that the short 
range ordering is actually indicative of subunit cell clusters of various NixMoy precipitates such as 
D1a (Ni4Mo), D022 (Ni3Mo), and/or Pt2Mo (Ni2Mo) superstructures [33]. These superstructures are 
closely related but can be uniquely identified by ordering  of molybdenum on every fifth, fourth, 
and third {420} FCC planes, respectively [34]. Either way, both models can be interpreted to 
adequately justify the existence of the {1½0} SRO reflections [32]. Short range ordering has been 
identified as a critical step in the precipitation process of Ni2(Mo,Cr), since it acts as nucleation 
sites for continuous growth of the LRO superstructure.  
2.7.2 Long range ordering: Precipitation of metastable FCC-based Ni2(Mo,Cr) in Ni-25Mo-8Cr 
Haynes® 242™ exhibits high tensile strength at elevated temperatures due to precipitation of 
coherent, metastable Ni2(Mo,Cr) (Pt2Mo-type) precipitates [27,32,35]. Figure 2.12 shows the 
crystal structure of Ni2(Mo,Cr). The Ni-25Mo-8Cr superalloy is unique in that the metastable 
Ni2(Mo,Cr) phase exists with a notable, complete absence of any other competing metastable 
phases [29].  Ni2(Mo,Cr) precipitates are stabilized by the presence of chromium and are 
characterized by segregation of molybdenum to every third {420} FCC plane [29]. This 
superstructure is fully coherent with the FCC matrix, with the following orientation: 
[100]Ni2Mo//[110]FCC, [001]Ni2Mo//[001]FCC, and [010]Ni2Mo//[-110]FCC. These precipitates are 
lenticular, and extend along the [010]Ni2Mo direction as shown in Figure 2.13.  
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Figure 2.12: The Ni2(Mo,Cr) crystal structure. 
 
Figure 2.13 idealized morphology and coherency of the Ni2(Mo,Cr) precipitate. Reprinted from 
Kumar 1996 [29] with permission from Elsevier. 
 
Precipitation of Ni2(Mo,Cr) at moderate temperatures typically occurs via continuous 
ordering from the short range ordered FCC structure [29]. At higher temperatures, however, 
Ni2(Mo,Cr) can also precipitate by direct transformation, independent of any short range ordering 
[22]. Previous examinations of Haynes® 242™  have determined that the Ni2(Mo,Cr) precipitates 
in the conventionally processed material are remarkably stable and persist for thousands of hours 
[36,37]. However, when the material is severely plastically deformed prior to aging for thousands 
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of hours, the Ni2(Mo,Cr) precipitates decompose into the fully stable, HCP-based DOa phase.  The 
typically coarser, plate-like DOa precipitates are associated with severely diminished ductility [28]. 
2.7.3 Long Range Ordering: Precipitation of stable HCP-based DOa in Ni-25Mo-8Cr 
In nickel-based superalloys with approximate 3Ni:Mo stoichiometry, the stable HCP-based DOa 
phase is not typically observed under normal aging conditions. This absence of DOa is correlated 
to an energy barrier to transformation due to the necessity of a stacking fault to form in the material 
to accommodate this superstructure. Therefore, instead of directly precipitating the stable phase, 
these superalloys typically form coherent, metastable precipitates based on the FCC matrix such 
as D1a (Ni4Mo), DO22 (Ni3Mo), or (Ni2(Mo,Cr)) superstructures [33]. These superstructures are 
uniquely identified by ordering of molybdenum on every fifth {420}, fourth {420}, and third 
{420} FCC plane, respectively [34]. It should be noted that of these possible metastable phases, 
only the Ni2(Mo,Cr) superstructure has ever been observed for the alloy composition specific to 
Haynes® 242™ [38].  The Ni2(Mo,Cr) structure is stabilized by the relatively high Cr 
concentration [29, 41].  
In contrast to the typically-observed, FCC-based superstructures, the DOa phase is an 
orthorhombic superstructure based on hexagonal close packed (HCP) ordering. The DOa phase is 
closely related to the DO22 phase briefly mentioned in section 2.7.1; while both are characterized 
by segregation of molybdenum to every fourth atomic plane, the key difference is the addition of 
a stacking fault that transforms the lattice structure from FCC-type to HCP-type. A DOa unit cell 
is shown in Figure 2.14. 
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Figure 2.14: The orthorhombic DOa crystal structure. 
Due to its HCP-based crystal structure, precipitation of the DOa phase requires the presence 
of a stacking fault on the {111}FCC plane of the FCC matrix phase. However, formation of this 
stacking fault and subsequent precipitation is not straightforward [39]. The phase transformation 
pathway leading to the DOa phase is complex — it involves (i) precipitation of metastable 
precipitates, (ii) subsequent decomposition of the FCC matrix and said metastable precipitates, 
(iii) transformation from FCC to HCP ordering via shear transformation, and finally (iv) 
continuous ordering of the DOa precipitate phase [39,40]. This complex precipitation route is 
summarized for clarity in Figure 2.15. 
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Figure 2.15: Summary of the precipitation evolution pathway that occurs during the normal aging 
and service lifetime of Haynes® 242™, based on previous examinations of Haynes® 242™ as 
well as established pathways in similar superalloys [39,40]. 
 
Despite being based on the HCP lattice, the DOa phase can have registry with the FCC 
superalloy matrix on twelve possible orientations. Coherency between DOa and FCC occurs on 
(010)DOa//{111}FCC planes, with the [100]DOa vector aligned along any one of three <110>FCC 
vectors [41].  First principles calculations have corroborated the stability of the DOa phase, yet the 
relative differences in calculated free energy of formation between the metastable phases and the 
equilibrium DOa phase are small and depend strongly on the relative concentrations of Mo and Cr 
[1]. This small difference in driving force, in combination with the complex phase transformation 
pathway necessary for full transformation to the DOa phase, make it clear why DOa ordering is 
rarely reported in conventional Haynes® 242™. 
2.7.4 Summary of crystal structures and their superlattice reflections 
Superstructures in superalloys can be uniquely described by the site-specific segregation of atomic 
species on a close-packed lattice. However, caution must be used when describing such structures 
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in order to ensure that there is no confusion when describing closely related structures. The 
literature surrounding superstructures in superalloys, particularly literature which addresses 
uncommon superstructures, frequently uses inconsistent or imprecise nomenclature. For example, 
precise superstructure or space group for intermetallics with the same composition – e.g. Ni3Mo – 
is often omitted, perhaps because DOa is very uncommon and therefore the DO22 superstructure is 
typically assumed. For clarity, the precipitates that were mentioned in Section 2.7 as well as their 
space groups and superstructures, are summarized in Table 2.2. 
Table 2.2: Composition, space group, and superlattice reflections of some superstructures that 
have been observed in Ni-Mo-Cr alloys [22,29,34,42]. Superlattice reflections are based on FCC 
lattice. DO22 and D1a are not typically observed in superalloys with the composition Ni-25Mo-
8Cr, but were discussed to better contextualize short range ordering and the DOa phase.  
Superstructure Nominal composition Space group Superlattice reflections 
Pt2Mo (oI6) Ni2(Mo,Cr) Immm (71) 1/3{420} and 1/3{220}  
D022 Ni3Mo I4/mmm (139) 1/4{420} 
D1a Ni4Mo I4/m (87) 1/5{420} 
DOa Ni3Mo Pmmn (59) (HCP-based) 
 
2.7.5 Summary of superstructure diffraction phenomena  
While listing space groups and reflection behavior is useful for distinguishing between 
different superstructures, a visual comparison can be more intuitive and informative. The 
superstructure reflection position relative to the FCC lattice in TEM diffraction, for example, 
makes differentiating between known superstructures straightforward. A simulated diffraction 
pattern of the superlattice reflections that may be observed in Haynes® 242™ specifically are 
shown in Figure 2.16. As demonstrated by the superstructure diagrams, the DOa and Ni2(Mo,Cr) 
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precipitates that are native to the Haynes® 242™ superalloy exhibit distinct super reflection 
positions in TEM diffraction, making identification of the phases straightforward.  
 
 
 
Figure 2.16: Superstructure reflections associated with different types of ordering in a Ni-25Mo-
8Cr superalloy where both Ni2(Mo,Cr) and Ni3Mo may be present. Schematic adapted from the 
work of Kumar and Vasudevan [29] and Mahadevan [43]. As a note, only one orientation of the 
Ni3Mo structure is visible in the {112}FCC  zone axis, but six are visible in the {111}FCC zone axis 
[44].  
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2.8 Alloy Fabrication Technique: Direct Current Magnetron Sputtering 
Items made from precipitation-strengthened superalloys are typically formed via similar 
methods to other bulk alloys such as extrusion, casting, or rolling. Following formation of the 
component, it is then exposed to heat treatments, typically an annealing heat treatment followed 
by an aging heat treatment. However, for this investigation, superalloys were formed via Direct 
Current Magnetron sputtering (DCMS), a technique that is commonly used for preparing MEMS, 
as noted in Chapter 1. However, few investigations have been conducted on the precipitation 
behavior of sputtered superalloys [45,46]. Despite this lack of previous invesgitaion, DCMS is an 
attractive method for sputtering complex alloys because precise control of the material 
composition can be achieved without the introduction of impurities [47].A few comments on the 
method of DCMS, its suitability for alloyed materials, and the expected microstructure from this 
formation technique are discussed here.  
Prior to the sputtering process, targets for creating the material of interest must be selected. 
The target material can be either a single target that has a composition that matches the desired 
composition of the final film, or multiple targets that can be co-sputtered together in order to 
achieve the composition of interest. Direct current magnetron sputtering is achieved by 
bombarding the targets with energetic ions.  This bombardment causes target atoms and secondary 
electrons to sputter off of the material [48,49]. The secondary electrons quickly lose energy, and 
the sputtered atoms are ejected from the surface of the target and deposit onto the substrate [49]. 
The magnetron in a direct current magnetron sputtering system is critical to ensuring that 
sputtering off of a target can be achieved. A magnetron is a device that uses a magnetic and electric 
field to trap electrons in a “race track” field configuration near the surface of a material. In a 
DCMS, magnetrons are situated behind each target in the system such that they trap the secondary 
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electrons ejected from the target during sputtering into a closed loop close to the surface. This 
ensures a higher rate of ionizing collisions, increasing the overall efficiency of the system and 
allowing the source to operate at a voltage of around 500V (relative to voltages on the order of 
1000+ V in non-magnetron sputtering systems) [49].  
The microstructure of a deposited thin film frequently consists of columnar grains oriented 
parallel to the growth direction, with defect-rich grain boundary networks [50].  The microstructure 
and texture of a thin film deposited by magnetron sputtering can be somewhat controlled by 
modifying a few factors during deposition. Epitaxy, deposition rate, and substrate temperature are 
among the most important factors to regulate when controlling the microstructure of a DCMS film.  
Epitaxial growth occurs when there is lattice match between the depositing material and the 
substrate upon which it is being grown. While this method can control features such as grain 
orientation, it comes at the cost of contamination due to interdiffusion of the substrate into the film 
[51]. The deposition rate of the sputtered material also influences the as-deposited microstructure. 
As with epitaxial growth, however, temperature must be carefully controlled to prevent diffusion 
of the substrate into the deposited thin film [51]. Heating the substrate higher than a temperature 
of ~0.1-0.3 T/Tm of the sputtering material can cause recovery and recrystallization during the 
deposition process. This critical temperature is due to surface diffusion of the deposited atoms 
[52]. Temperatures below 0.1-0.3 T/Tm typically result in a crystal structure with elongated grains 
along the growth direction of the film, with defect-rich grain boundaries [52]. Substrate 
temperature also has a significant effect on film adhesion; since higher substrate temperatures 
result in stress relaxation of the material, the thin film has better adhesion to the substrate. On the 
other hand, if a free-standing thin film is desired, using a low substrate temperature results in easy 
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delamination of the sputtered material [52].  This low temperature is also associated with formation 
of the typical columnar microstructure because it limits the mobility of the deposited atoms [50]. 
2.9 Defects and Mass Transport 
Forming alloys by sputtering can result in a high defect density in the material; these defects 
include planar defects, vacancies, and defect-rich grain boundaries. High defect density of a 
material is correlated with an increased rate of mass transport, meaning a higher diffusivity of 
species in the material. It is therefore important to consider enhanced mass transport effects in 
sputtered materials. A number of methods, such as radioactive tracing or diffusion couples, can be 
used to determine the diffusivity of atomic species in materials [53,54]. The Boltzmann-Matano 
method of measuring diffusivity in a diffusion couple will be described in detail here.  
The Boltzmann-Matano (B-M) method transforms Fick’s second law of diffusion into an 
easily-solved ordinary differential equation when the concentration-dependent diffusivity, 𝐷i, is a 
function of concentration with respect to distance, C(x) [54]. This method can be used to determine  𝐷i in a binary diffusion couple. In order to use the Boltzmann-Matano method, a diffusion couple 
must be created by adjoining two materials with a distinct interface. In sputtered materials, this 
can be accomplished easily by sputtering the target of material A, then sputtering the target of 
material B. The diffusion couple must then be exposed to a heat treatment that is sufficiently high 
to allow interdiffusion of the atomic species. The interdiffusion can then be measured using 
available methods, such as energy dispersive x-ray spectroscopy (EDS) in an electron microscope. 
 After a diffusion profile across the interface of the materials is obtained, it is then fitted 
with a sigmoid function, shown in Equation 2.6. 𝐶(𝑥) = |lmAln|.op∗rst(usv) + 𝐶w%x    Equation 2.6 
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Where Cmin is either CL or CR, whichever is smaller, and j, k and l are constants dependent on the 
diffusivity profile of interest. In order to clarify exactly how the sigmoid function is calculated, 
Figure 2.17 contains a visual representation of the function C(x). 
 
Figure 2.17: A  visual representation of the evaluation of ∫ (𝑥 − 𝑋{)	𝑑𝐶l∗lm , with positive values 
represented in green and negative values represented in red. (a) the  area of x(c) from CL to C*; 
(b) the area of XM from CL to C*; (c) the equivalent final area expressed by ∫ (𝑥 − 𝑋{)	𝑑𝐶l∗lm . 
 
The Matano interface is determined using the known concentrations of a selected atomic species 
at either end of the diffusion couple, as shown in Equation 2.7: 𝑋{ = 	 .lmAln ∫ 𝑥𝑑𝑐lmln     Equation 2.7 
After determination of C(x), its inverse x(C), and XM, the Boltzmann-Matano curve for the 
material can finally be determined [54]. The final form of the equation is presented in Equation 
2.8: 
𝐷i(𝐶∗) = − .4} ∫ (~A)	l∗m(u)∗       Equation 2.8 
Where 𝐷i(𝐶∗) is the diffusivity of an element of interest at arbitrary concentration C*, t is time, CL 
is the concentration at x = -∞, and x is the position in the diffusion profile. Using this method, a 
value for the diffusivity of an atomic species at any concentration between CL and CR can be 
determined.  
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2.10 Summary 
A wealth of information exists on the precipitation behavior of nickel superalloys, but there are 
many unknowns when considering cases where these materials are processed in far-from-
equilibrium states. When superalloys are required for sub-millimeter scale devices, processing 
techniques such as direct current magnetron sputtering may be required. This background section 
has summarized important properties specific to Ni-Mo-Cr superalloys as well as described 
microstructural features unique to direct current magnetron sputtered materials. Applying DCMS 
to superalloys poses a unique situation that merits further investigation in order to understand the 
precipitation pathways and kinetics of sputtered superalloys. 
2.11 Remaining Questions 
DCMS is an attractive method for creating superalloy specimens for small-scale design spaces 
where traditional bulk metallurgy techniques are not suitable, such as implementation in 
microelectromechanical systems. After reviewing the contemporary literature on superalloys and 
discussing the dramatic microstructural characteristics that DCMS can impose upon a material, it 
is evident that there are many questions that must be addressed. These questions focus on the 
impact of forming a well-understood superalloy using a technique that is known to cause unique 
microstructural properties. Some remaining questions include: 
1. What is the effect of direct current magnetron sputtering on the as-deposited microstructure 
of a superalloy? 
2. How does sputtering affect the ordering behavior during aging of a precipitate-strengthened 
superalloy? 
3. How does sputtering impact the mass transport behavior of a superalloy? 
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4. Are sputtered superalloys a reasonable material to consider for microelectromechanical 
systems or other applications such as surface coatings? 
In the following chapter, experimental methods designed to answer these questions will be 
described. The design process will include evaluation of the as-deposited DCMS microstructure, 
examination of precipitation behavior, and determination of the impact on DCMS on the kinetics 
of sputtered materials. 
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CHAPTER 3 
EXPERIMENTAL METHODS 
This chapter outlines the methods used to form and subsequently heat treat vapor-deposited 
Haynes® 242™ as well as sputtered diffusion couples. The analysis methods used in this 
investigation and detailed descriptions of the relevant sample preparation techniques are also 
described.  
3.1 Vapor Deposition Technique 
In this examination, a 35.75-µm thick film of Haynes® 242™ was deposited via single-target 
direct current magnetron sputtering (DCMS) in a custom chamber. The alloyed target was 
sputtered using a DC power supply at a constant power of 2400 W.  The system base pressure prior 
to deposition was 6.5 × 10-7 torr and the pressure of high purity argon during deposition was 0.6 
mtorr.  The film was deposited onto a rotating, water-cooled, untapped brass substrate.  The 
deposited Haynes® 242™ was subsequently delaminated from the substrate, resulting in a free-
standing film.  
3.2 Furnace Set-Up 
3.2.1 Annealing Furnace 
The annealing furnace used in this investigation was a custom-built, low-vacuum, three-zone tube 
furnace. The furnace was mounted on a track in order to allow for specimens to be quenched while 
remaining in the tube under controlled atmospheric conditions. An annotated image of this furnace 
is presented in Figure 3.1. Gas inlet valves on the furnace allow for the selection of open air, 
vacuum, gettered argon gas, or nitrogen gas conditions.  
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Figure 3.1: An annotated image of the tube furnace used for annealing, with the water-cooled 
quenching bay situated in the copper-wrapped area by the load lock on the left.  
In this investigation, annealing treatments on sections of the free-standing film were performed 
under flowing, gettered argon, wherein the thin-film geometry was constrained between 1 mm 
thick sheets of Haynes® 242™ in order to prevent the film from warping. Following annealing, 
the samples were moved from the hot zone of the furnace to the loading bay. The loading bay was 
wrapped in coiled copper tubing containing flowing, ice-cooled water. This increased the cooling 
rate of the specimen while it remained under flowing argon as the furnace cooled to room 
temperature.  
3.2.2 Aging Furnace 
The aging furnace used in this investigation was a Thermo Scientific Lindberg Blue M. The smaller 
tube size of this furnace allowed for longer heat treatments in a controlled environment. In this 
furnace set-up, the specimens were inserted into the center of the furnace tube and then the ends 
of the tube were capped with inlet and outlet for flowing argon. The argon then flowed into a 
silicon bubbler, as shown in the Erlenmeyer flasks in Figure 3.2. 
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Figure 3.2: Aging tube furnace used in this investigation. 
Aging heat treatments on sections of the free-standing film were performed under flowing argon 
with the film constrained between 1 mm thick sheets of Haynes® 242™ in order to keep it flat.  
3.3 Scanning electron microscopy with energy dispersive x-ray spectroscopy 
The film composition was verified via energy dispersive X-ray spectroscopy (EDS) using a JEOL 
7000F scanning electron microscope. Area scans of the material were performed at an accelerating 
voltage of 15 keV.  
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3.4 Conventional and Scanning Transmission Electron Microscopy 
This section describes the methods used to produce electron transparent specimens and then 
observation techniques using transmission electron microscopy (TEM) and scanning transmission 
electron microscopy (STEM). 
3.4.1 Sample Preparation for TEM/STEM 
Two different preparation techniques were required for preparation of electron transparent 
specimens. These techniques were focused ion beam micromachining for side view orientations 
of TEM specimens, and jet polishing for plan view orientations of TEM specimens. 
3.4.1.1 Preparation of side-view samples by focused ion beam micromachining 
Electron transparent specimens that extend into the depth of the specimen can be created 
via focused ion beam micromachining. This technique is performed in a dual beam FIB/SEM 
microscope. In the Helios Nanolab Dual Beam utilized in this experiment, the electron beam is 
situated perpendicular to the sample plane, which is typical for scanning electron microscopes. 
The ion beam, which contains a gallium-source ion gun, is situated at an angle 52° from the sample 
plane 
Preparation of TEM specimens begins by identifying an area of interest and protecting the 
surface with a film of platinum or carbon deposited by chemical vapor deposition. The Pt or C gas-
phase sources can be used with either the electron or ion beam. In this examination, a Pt source 
was used in conjunction with the ion beam. The specimen was first tilted to 52° in order to make 
the surface perpendicular to the ion beam. Next, the Pt gas source was inserted into the chamber, 
close to the area of interest. Then, the ion beam was used to deposit a ~0.25 µm thick layer over a 
surface area of 25 x 4 µm at a beam energy of 30 kV and current of 40 pA. Next, a 2 µm thick film 
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was deposited on top of that same 25 x 4 µm area at a higher current such as 0.43 nA to ensure 
timely deposition. The completed protective Pt area typically measured 25 x 4 x 2.25 µm. 
 Following deposition of the protective Pt film, the Pt source is retracted. Then, 10-15 µm 
deep trenches are milled on either side of the film area using a beam energy of 30 kV at 9.3 nA. 
The total length of the trenches is typically 15 µm. The trenches slightly overlap with the deposited 
protective Pt film, leaving a section approximately 1µm wide.  
 After micromachining the trenches to expose the area of interest beneath the protective Pt 
film, the specimen is tilted back to 0° such that it is perpendicular to the electron beam and 52° 
from the ion beam. A U-shaped area is milled into the now-exposed side of the specimen, outlining 
an area approximately 20 µm wide and 5 to 15 µm in depth. The platinum source is re-inserted 
into the specimen chamber, as well as a Tungsten micro-manipulator (omniprobe). The tip of the 
omniprobe is welded to the specimen using ion-deposited Pt at 30kV and 0.43 nA. The remaining 
material at the top of each side of the U-cut is then milled away, leaving a now free-standing 
specimen attached to the omniprobe.  
The free-standing specimen is then moved to a copper grid and welded to the grid using 
ion-deposited platinum using similar conditions as described for the previous weld. Once the 
omniprobe is removed from the specimen by cutting away a small section via the ion beam, the 
final thinning process can begin. Initial thinning of the sample begins at 30 kV at 0.43 nA in order 
remove excess material, such as re-deposition, from the sides of the specimen. If the specimen is 
very thick (>1 µm), sometimes an initial current higher than nA is used to expedite the initial 
thinning process. This milling procedure is performed at 52° ± 2° for either side of the specimen. 
As the specimen becomes thinner (<0.5 µm), the current density is gradually lowered to 
ensure more precise milling and avoid physical damage such as curtaining. As the specimen 
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reaches electron transparency at a thickness of 100-150 nm, the accelerating voltage of the ion 
beam is decreased dramatically. The final cleaning procedure occurs at 52° ± 4° at an accelerating 
voltage of 5 kV and current density of 41 pA. 
3.4.1.2 Preparation of plan-view samples by jet polishing 
Electron transparent specimens of the material in the plan view were achieved via jet polishing. 
Because the as-deposited Haynes® 242™ was only 35.75 microns thick, no mechanical thinning 
was necessary prior to jet polishing. 3 mm discs of the Haynes® 242™ film were cut from the 
free-standing film via mechanical punch. The 3mm discs were individually loaded into the jet 
polisher, which had twin jets and optical transparency detection. 15 vol% perchloric acid in 85 
vol% ethanol was used as an etchant. The system was cooled to approximately -25°C ± 5° by liquid 
nitrogen. Jet polishing of each sample only took about 1 minute, after which the specimen disc 
was unloaded and then rinsed with ethanol to prevent further etching and allowed to dry. 
3.4.2 Transmission Electron Microscopy and Diffraction 
Microstructural characterization in this investigation was conducted via transmission electron 
microscopy (TEM) using a JEOL 2010 LaB6 at 200 keV. The specimen of interest was inserted 
into the TEM with a double-tilt specimen holder with ± 15° of tilt in a and b directions. 
3.4.3 ASTAR NanoMEGAS Automated Crystal Orientation Mapping 
A notable shortcoming of diffraction in conventional TEM is the time it takes to tilt a crystal to 
the appropriate angle and capture diffraction from an appropriate zone axis, compounded by the 
necessity of repeating this procedure for multiple areas in a sample. ASTAR NanoMEGAS 
Automated Crystal Orientation Mapping offers a two-fold solution; first, by precessing the beam 
around each collection point, a broad array of incident angles of the impingent electron beam can 
be summed together to create a diffraction pattern. Secondly, the beam can be rastered across the 
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sample during diffraction collection, and post-processing can be used to reconstruct a map. This 
two-fold solution provides more information for individual crystals such that a diffraction pattern 
can be collected and automatically indexed, and also provides an orientation map at the same time. 
Furthermore, measuring the intensity of the beam and diffracted reflections during mapping allows 
for creation of reconstructed bright field and dark field images. The orientation map created by 
TEM ACOM is analogous to electron backscatter diffraction maps constructed in SEM. However, 
TEM ACOM retains the resolution associated with TEM. 
In order to successfully index diffraction patterns collected from TEM ACOM, some prior 
knowledge of the material must be utilized. In the case of the as-deposited superalloy in this 
investigation, the data collected from TEM ACOM was reconstructed using an assumed FCC 
crystal structure. The software compared the diffraction patterns collected against a database of 
known FCC diffraction patterns. This can lead to some ambiguity in indexing for high-symmetry 
zone axes.  
In this examination, electron diffraction orientation maps were captured using TEM-based 
automated crystal orientation mapping (ACOM) in a Philips CM 300 microscope at 300 keV. Due 
to the highly-textured nature of the as-deposited material, the beam did not process during 
collection and was simply rastered across the sample. Orientation maps were subsequently 
constructed using ASTAR NanoMEGAS software. 
3.4.4 In situ Transmission Electron Microscopy 
In order to investigate the early ordering behavior of the DCMS Haynes® 242™ film, in situ aging 
was performed in the JEOL 2010 LAB6. The in situ stage used was a model 652.J0916J3T Gatan 
double-tilt hot stage with water cooling. Both plan-view and side-view specimens were examined 
in situ. For side view specimens, FIB liftouts were deposited onto a molybdenum grid rather than 
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the typical copper grid due to better thermal stability. The temperature of the hot stage was raised 
via resistive heating to 650°C over the course of 45 minutes and held at that temperature for 10 
hours. During the in situ aging process, the {111}FCC and {112}FCC zone axes was imaged in 
diffraction.  
3.4.5 High Resolution Scanning Transmission Electron Microscopy 
High Resolution Scanning Transmission Electron Microscopy (HRSTEM) was collected on an 
aberration probe corrected ThermoFisher Scientific Themis Z at 300 keV. High fidelity image 
correction was achieved using non-rigid registration across multiple collected images of the same 
region [1].  
3.4.6 Energy Dispersive X-Ray Spectroscopy in STEM 
Scanning transmission electron microscopy (STEM) was collected on a JEOL 2010F for collection 
of high angle annular dark field (HAADF) images as well as energy dispersive x-ray spectroscopy 
(EDS).  
3.5 Transmission X-Ray Diffraction 
Due to the highly textured orientation of the as-deposited thin film, which will be discussed in 
Section 4.1.1, it was determined early in this investigation that reflection x-ray diffraction was not 
a suitable technique for characterizing the as-deposited and aged thin films. The as-deposited 
texture caused reflection x-ray to only detect peaks consistent with one single crystallographic 
plane family, with a near-complete absence of all other intensities. In order to overcome this issue, 
transmission x-ray powder diffraction was used to collect a broader range of peaks from the 
specimen. 
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3.5.1 Preparation of Specimens for Transmission XRD 
The thin films were prepared for powder diffraction by milling in a mortar and pestle with SiO2. 
The rough SiO2 particulates helped to shred the film, and also reduced absorption during collection 
of transmission x-ray diffraction. The resulting powder was loaded into a plastic capillary and 
sealed with hot wax. 
3.5.2 Transmission XRD Parameters 
The plastic capillary containing the mixture of shredded thin film with SiO2 was inserted into a 
Bruker D8 diffractometer with Mo-Ka radiation. During x-ray collection, the capillary containing 
the powder was rotated, ensuring that a broad array of peaks from the material could be collected.  
3.5.3 Post-processing of transmission x-ray diffraction data 
Two different analysis methods were used to fit the collected x-ray diffraction data: these 
techniques were Rietveld and Le Bail analysis, using the program TOPAS 5. Rietveld fitting was 
used in order to calculate relative volume fractions of various phases in the materials. On the other 
hand, Le Bail fitting was used to refine the known unit cells and construct visual peak fitting with 
a difference curve between the experimental and calculated diffraction data. By using these two 
different analysis techniques, previously discussed in Section 2.2, a more complete analysis of the 
x-ray diffraction data was possible. 
3.6 Diffusion Couples 
Thin film diffusion couples of chromium and nickel were sputtered onto room-temperature brass 
in an ATC 1200 Sputtering System, AJA International. The chromium and nickel sources were 
99.99% and 99.995% pure, respectively. The argon pressure in the sputtering chamber was 3 
mTorr. In order to form the diffusion couples, the targets were sputtered sequentially. First, the 
chromium target was sputtered for 120 minutes at a power of 200 watts, resulting in a deposition 
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rate of 0.194 nm/s for a total chromium layer thickness of approximately 1.4 microns. Following 
the deposition of chromium, the nickel target was sputtered for 120 minutes at a power of 200 
watts, also resulting in a deposition rate of 0.194 nm/s and final film thickness of about 1.4 
microns. Following deposition, the Ni-Cr bilayer film was delaminated from the brass substrate, 
resulting in a freestanding thin film with total thickness was about 2.8 microns. FIB lift-out 
technique, detailed previously in Section 3.4.1.1, was used to extract electron transparent side-
view images of the specimen.  
3.6.1 Calculation of Diffusivity Using Boltzmann-Matano Tool 
The Boltzmann-Matano modification of Fick’s Second Law of Thermodynamics, discussed in 
Section 2.5.3, was employed in order to measure the effect of sputtering on the mass transport 
behavior of a diffusion couple. Following heat treatments of the sputtered diffusion couples, cross 
sections of the diffusion couples were extracted using FIB lift-out technique described in Section 
3.4.1.1. STEM with EDS was used in order to collect diffusion profiles across the Matano interface 
of the diffusion couples. Diffusivity as a function of concentration, 𝐷"(𝐶∗), was calculated using a 
Boltzmann-Matano utility tool programmed in python. The code for this tool is appended to the 
end if this dissertation.  
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CHAPTER 4 
RESULTS 
This chapter will present the results from exposing the superalloy Haynes® 242™, formed by 
direct current magnetron sputtering (DCMS), to a variety of heat treatments. All heat treatments 
of interest on the sputtered superalloy were examined by transmission electron microscopy (TEM) 
with diffraction. Select treatments were also examined by transmission x-ray diffraction in order 
to corroborate TEM results and to better quantify crystallographic structures present in the films. 
Finally, this chapter will cover experiments that were carried out in order to determine the impact 
of a sputtered microstructure on the mass transport behavior in naturally defect-rich DCMS films. 
These complementary experimental methods allow for interpretation of the impact of a DCMS 
microstructure on the ordering behavior and kinetics of the superalloy Haynes® 242™. 
 For clarity, this chapter refers to sputtered specimens by their orientation relative to the as-
deposited film. Observation directly through the free surfaces of the film are referred to as plan 
view; observation through the cross-section of the film is referred to as the side view; both 
orientations relative to the growth direction are shown in Figure 4.1. 
 
Figure 4.1: For clarity, a schematic showing the plan view and side view, respectively, of a thin 
film relative to the growth direction. 
4.1 As-Deposited Direct Current Magnetron Sputtered Haynes® 242™ 
A single target of Haynes® 242™ was sputtered onto a brass substrate and then delaminated, as 
described in the experimental methods, Section 3.1. Energy dispersive x-ray spectroscopy (EDS) 
in a scanning electron microscope on the as-deposited film revealed that the composition of the 
Side view
Plan view
Growth direction
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film compares well to the commercial standard for Haynes® 242™, as shown in Table 4.1. Other 
similar examinations of DCMS films have also shown good agreement between the composition 
of alloyed targets and that of the sputter deposited, complex alloy, thin film [1–3]. An EDS spectra 
from this investigation is included in Figure 4.2. 
The as-deposited, plan view of the DCMS Haynes® 242™ microstructure consists of 
elongated grains with defect-rich grain boundaries, some indicated by black arrows, as shown in 
Figure 4.3(a). These nanoscale grains have an average major width of ~600 nm and a minor width 
of ~100 nm. An orientation map in the specimen z-direction (the growth direction) is provided in 
Figure 4.3(b).  A strong preferential orientation of the {111}FCC planes along the growth direction 
of the film is confirmed. Figure 4.3(c) and (d) show a representative region and an accompanying 
selected area electron diffraction pattern. Examination of the side view of as-deposited Haynes® 
242™ reveals a columnar microstructure along the growth direction of the film, as shown in Figure 
4.4(a). These columns range from hundreds of nanometers to a few microns in length and contain 
dense planar defects, referred to here as nanotwins.  The nanotwins are spaced less than 10nm 
apart, as shown in Figure 4.4(b). The nanotwins are coherent with the {111}FCC//{0001}HCP closest 
packed planes perpendicular to the growth direction of the film.   
For ease of discussion, the ordering of this film is typically referred to in the FCC lattice, 
but it would also be accurate to designate orientations based on an HCP lattice due to the mixed, 
coherent FCC/HCP domains in the specimen. For example, the texture of the film is typically 
referred to as {111}FCC, but describing  the texture as {0001}HCP would be similarly accurate. 
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Table 4.1: Composition of the sputtered thin film measured via EDS compared to the nominal 
composition of commercial Haynes® 242™. The data collected has good agreement with the 
industry standard composition. 
 Ni Mo Cr Cu Fe Al Si Co Mn 
Measured wt% of 
sputtered material 
64.8 23.97 8.67 -- 0.97 0.42 0.02 1.10 0.05 
Nominal wt% of 
Haynes® 242™ [4] 
Bal 25 8 <0.5 <2.0 <0.5 <0.8 <2.5 <0.8 
 
 
Figure 4.2: An EDS map from as-deposited Haynes 242. 
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Figure 4.3: a) bright field transmission electron microscopy (TEM) in the plan view of DCMS 
Haynes® 242™ shows elongated grains with defect-rich grain boundaries; b) An automated 
crystal orientation map (ACOM) shows that the grains orient in the {111} crystallographic 
direction; c) another representative bright field micrograph with  d) accompanying diffraction 
pattern with HCP reflections designating in blue and FCC reflections in white. 
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Figure 4.4: Side view of as-deposited Haynes® 242™ shows (a) long columnar grains, which 
grow parallel to the growth direction of the material, indicated by black arrow; (b) 500kx 
magnification of these grains in the same orientation reveals dense nanotwins, indicated by 
alternating contrast perpendicular to the growth direction in bright field TEM. 
 
Reflection X-ray diffraction on the as-deposited Haynes® 242™ thin film corroborated the 
strong {111}FCC orientation of the film. Transmission X-ray diffraction of the crushed film was 
necessary to ascertain a diffraction profile with limited bias from the textured microstructure. This 
technique revealed significant HCP peaks in addition to FCC peaks, as shown in Figure 4.5. Both 
Rietveld and Le Bail fitting procedures were applied to the data, the latter of which is included in 
Figure 4.5 (weighted profile R-factor, Rwp=6.44).  
In order to determine the relative amounts of the FCC and HCP phases, information about 
the known texture of the film – collected previously from ASTAR, shown in Figure 4.3(b) – was 
calculated using Reitveld fitting techniques. This necessity arose because, despite milling the film 
with silica in order to shred it, the film still exhibited a strong preferred orientation due to shards 
of the film aligning parallel to the capillary in which they were loaded. Therefore, the Rietveld fit 
was performed using the known preferential orientation of the as-deposited phases – that the 
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{111}FCC phase would be preferred, and that it would be parallel to the {0001}HCP phase. The 
Rietveld method indicated that the as-deposited film contained approximately 1:1 FCC:HCP-type 
ordering. The goodness of fit parameter (Rwp=6.44) was very reasonable.   
Close inspection of the difference profile between the measured and calculated XRD 
profile using Le Bail fitting revealed some minor differences in peak shape at lower angles.  The 
observed peak broadening can be attributed to both strain and the small crystallite size. These 
minor deviations from the anticipated peak broadening behavior can be attributed to the strong 
texture of the film concomitant with residual stresses from sputtering.  
 
Figure 4.5: X-ray diffraction collected from the shredded Haynes® 242™ film exhibited peaks 
consistent with both HCP and FCC phases. These HCP and FCC domains were corroborated with 
both Le Bail and Rietveld fitting techniques; the Le Bail fitting curve is shown here. 
Selected area electron diffraction (SAED), shown in Figure 4.6(a), was collected from a 
representative grain in the side view of the as-deposited microstructure. This SAED helps to better 
contextualize the HCP- and FCC-like ordering detected by XRD as previously shown in Figure 
4.5. The SAED in Figure 4.6(a) is indexed on the [1#1#20]HCP zone axis (blue) and exhibits expected 
fundamental reflections with streaking between {0001}HCP reflections.  Reflections and twins 
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(labeled T) from FCC could not be indexed explicitly, but their expected positions [31], obfuscated 
by streaking between {111}FCC//{0001}HCP reflections, are indexed in white and indicated by 
arrows. These known coherent orientations compare well to the known coherency of FCC and 
HCP structures, and have also been observed in other FCC/HCP materials such as during the 
intermediate steps during the stress-assisted transformation of martensite in austenitic stainless 
steel [5]. 
  
Figure 4.6: (a) representative diffraction on a grain in the side view of the thin film can easily be 
indexed with HCP reflections on the [1#1#20]HCP zone axis, indicated in blue. Similarly, [111]FCC 
and [1#1#1#]FCC reflections from the expected [11#0]FCC zone axis are also indexable and overlap 
with the (0002)HCP reflections. However, [002]FCC and [111#]FCC reflections and their expected 
twin reflections, indicated by white arrows, are noticeably indistinguishable from the streaking 
between {0002}HCP and {111}FCC reflections, although there is some variance in intensity around 
those regions. (b) HRSTEM on the as-deposited DCMS superalloy further reveals a microstructure 
rich in planar defects such as HCP-type regions, FCC-type regions, and FCC twins. These defects 
lead to closely mixed FCC and HCP ordering motifs. 
 
Figure 4.6(b) shows the atomic ordering in the side view of the DCMS film, collected by 
HRSTEM.  FCC- and HCP-like ordering behavior are noted on the left; FCC and HCP regions are 
indicated in green and yellow, and regions that contain nanotwinned FCC are indicated in blue. 
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While sputtered superalloy films may contain an assortment of planar defects such as stacking 
faults and nanotwins as demonstrated in by Sim et al 2017, literature colloquially refers to these 
dense planar faults as nanotwinning [6].  
4.2 DCMS Haynes® 242™, Aged 48 Hours at 650°C 
For conventionally processed, coarse-grained Haynes® 242™, a standard aging treatment at 
650°C for 24-72 hours is used to develop the desired two-phase microstructure via precipitation 
of the metastable Ni2(Mo,Cr) phase. A complementary aging treatment of 650°C for 48 hours was 
therefore applied to the free-standing, as-deposited Haynes® 242™ film in this examination. The 
resulting side-view microstructure was examined and is presented in Figure 4.7, which shows that 
the columnar microstructure is preserved. The dark arrow in Figure 4.8(a) highlights a visible 
region of the preserved nanotwins, while the majority of nanotwins are out of contrast for the 
particular imaging conditions used to collect Figure 4.8(a).  Selected area electron diffraction was 
collected on a grain, indicated by white arrow pointing to the region of interest in Figure 4.8(a). 
The resulting diffraction pattern presented in Figure 4.8(b) contains superlattice reflections at ¼ 
fundamental reflection positions, which is consistent with precipitation of the stable DOa 
superstructure [7]. The DOa superstructure can be described by its coherency either with the HCP 
lattice or FCC lattice, labeled in blue and white respectively [32]. The superstructure reflections 
associated with the DOa phase are noted in yellow and described by their fractional positions 
relative to the fundamental reflections. 
 62 
 
Figure 4.7: A representative overview of the aged microstructure shows that the columnar 
microstructure, parallel to the growth direction, is overall preserved. 
  
Figure 4.8: (a) Closer inspection of the microstructure of the aged-only film shows that the 
nanotwinning, indicated by black arrow, did not disappear as a result of the prolonged heat 
treatment. This image has not been rotated in order to preserve the orientation relationship with 
the accompanying diffraction pattern. (b) Selected area diffraction from the region indicated by 
the white arrow in (a) includes both strong, shared fundamental {213#0}HCP (blue) and {112#}FCC 
(white) reflections,  and {001} DOa weak reflections at ¼ positions (yellow) [35]. 
 
 63 
The TEM diffraction results presented in Figure 4.8(b) were also corroborated by X-ray 
diffraction in order to conclusively rule out the related Ni3Mo-DO22 superstructure and further 
confirm both the presence of the Ni3Mo-DOa superstructure and absence of Ni2(Mo,Cr). 
Conventional X-ray diffraction remained insufficient for comprehensive structure analysis 
because the strong {111}FCC texture of the as-deposited film is preserved after this aging treatment. 
The method described in Section 3.5.1 of crushing the film with silica for transmission XRD was 
used to confirm the superstructures present. The collected X-ray diffraction data, shown in Figure 
4.9, was compared with several candidate phases: face-centered cubic (FCC Ni), hexagonal close 
packed (HCP Ni), Ni2(Mo,Cr), DO22-Ni3Mo, and DOa-Ni3Mo. As a note, DO22 is never expected 
in Haynes® 242™; however, its superstructure reflections in SAED can be confused with the DOa 
phase, so it was included here to conclusively identify the correct Ni3Mo structure [8]. The phases 
in consideration were fit to the collected data using a Le Bail fit (Rwp=6.34). This method 
confirmed presence of the DOa phase and did not reveal any meaningful presence of DO22 or 
Ni2(Mo,Cr) phases. Furthermore, the collected x-ray diffraction data indicated that solid solution 
FCC and HCP phases remained present. The absence of Ni2(Mo,Cr)—despite the persisting 
presence of the FCC lattice—is notable, since Ni2(Mo,Cr) is normally expected after the material 
is exposed to similar aging heat treatments.  
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Figure 4.9 - X-ray diffraction data from a Haynes® 242™ film exposed to a one-step 48-hour 
aging heat treatment at 650°C showed significant presence of DOa precipitation as well as HCP 
and FCC matrix phases. Calculated diffraction profiles corresponding to the DO22 and Ni2(Mo,Cr) 
phases are also included here in order to demonstrate their relative absences. While DO22 is not 
an expected phase in Haynes® 242™, it was included here in order to conclusively exclude it as 
both DOa and DO22 show super reflections via electron diffraction at ¼ fundamental reflection 
positions. 
As with the as-deposited material, Rietveld analysis was attempted in order to ascertain the 
relative concentrations of the HCP, FCC, and DOa phases. However, because of the very close 
similarities between the HCP phase and the DOa precipitate superstructure, it was not possible to 
accurately determine the relative concentrations of each phase. This is due to the implementation 
of the Rietveld method, where phases are introduced to the fitting parameters one-by-one. If the 
DOa phase was introduced first, a smaller amount of HCP phase was detected after fitting was 
completed, and vice versa. Despite these small setbacks, Rietveld analysis on the collected XRD 
data confirmed that significant amounts of the DOa phase was present. No meaningful presence of 
other superstructures such as the DO22 phase or the Ni2(Mo,Cr) phases were detected. 
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4.3 DCMS Haynes® 242™, Aged Less Than 48 Hours at 650°C 
In order to determine whether the DOa superstructure precipitated early in the aging process, or 
whether it was preceded by the metastable Ni2(Mo,Cr) precipitate, a shorter aging heat treatment 
was applied to the DCMS superalloy film. Specimens of Haynes® 242™ were aged for time 
periods less 48 hours at 650°C to determine whether complete precipitate transformation to the 
DOa phase occurred early in the aging regime. Diffraction patterns collected from specimens aged 
at 650°C for 20 hours exhibited superlattice reflections consistent with complete transformation to 
the DOa phase, shown in Figure 4.10. The super reflections did not exhibit elongation following 
this heat treatment, such as those observed during an in situ heat treatment described later in 
Section 4.4. The sharp intensity of the superlattice reflections after this short heat treatment 
indicates that, in less than half the typical aging time, the nanotwinned superalloy contains 
precipitates consistent with complete transformation of the fully stable, HCP-based DOa 
superstructure. No evidence of the normally-expected, metastable Ni2(Mo,Cr) phase was observed. 
Despite these early ordering results, the question of how the DOa evolved was still a matter of 
interest, and therefore it was necessary to examine the early precipitation behavior via in situ 
examinations.  
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Figure 4.10: a) representative micrograph of the  microstructure aged for 20 hours showing 
columnar grains and nanotwinning preserved; b) a representative diffraction pattern exhibits 
weak diffusivity at ¼ fundamental reflection positions, which is associated with precipitation of 
the DOa superstructure. Unlabeled reflections are associated with overlapping grains due to issues 
with isolating a single small grain via SAED. Only precipitation of the DOa superstructure was 
observed, with no evidence of Ni2(Mo,Cr). 
4.4 DCMS Haynes® 242™, Aged In Situ at 650°C 
Following direct aging, the DCMS specimens exhibited precipitation that departed from the 
normally expected precipitation behavior in the Haynes® 242™ superalloy. This departure, 
characterized by precipitation of the stable DOa superstructure instead of the metastable 
Ni2(Mo,Cr) superstructure, was observed following both normal and truncated heat treatments of 
650°C for 48 and 20 hours, respectively. In order to examine the early ordering behavior in these 
DCMS films, in situ aging was used to directly observe the precipitation behavior of the DCMS 
films in a TEM. This aging heat treatment is crucial for determining whether there was 
precipitation of the metastable Ni2(Mo,Cr) superstructure prior to precipitation of the fully stable 
DOa superstructure. During these experiments, the films were raised to a temperature of 650°C 
over an hour and then held at that temperature for the duration of the in situ examination. 
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Diffraction patterns were collected from representative grains on the {111}FCC//{0001}HCP and 
{112}FCC//{21-21}HCP zone axes throughout the duration of the experiment. These orientations 
were selected due to the texture of the as-deposited film, described previously in Section 4.1. These 
orientations also prove very useful, since the superstructure reflection positions on both zone axes 
are well-established. 
Figures 4.11 and 4.12 show the side view and plan of the as-deposited material, 
respectively, in bright field and diffraction prior to aging. There are no superstructure reflections 
in the collected selected area electron diffraction patterns, which is consistent with no precipitation 
prior to aging. Figure 4.13 shows the early ordering behavior in the side view of the material on 
the {112}FCC zone axis. Both as-captured patterns and the inverted, high-contrast images are 
presented here in order to preserve as-collected information, but also elucidate information on 
weak intensities. This necessity arose due to the challenge of interpreting super-reflections under 
the contrast conditions in the as-collected diffraction patterns. Shortly after reaching 650°C, the 
specimens exhibited diffuse intensity at {1 ½ 0} reflections, consistent with a short-range ordering 
(SRO) phenomenon. Additionally, reflections at 2/4{420} positions were present, but very diffuse 
and elongated. Following only 2.5 hours of in situ heat treatment at 650°C, the 2/4{420} position 
fundamental reflections sharpened. Additionally, the intensities at ¼ positions remained over the 
next several hours and increased in intensity, an observation which is consistent with continuous 
transformation of the Ni3Mo phase off of the short range ordered matrix. The same ordering 
behavior was corroborated in plan view on the {111}FCC/{0001}HCP zone axes, shown in Figure 
4.14. 
There was a complete absence of intensity at 1/3{220}FCC reflections on the {111}FCC zone 
axis throughout the duration of the experiment, indicating that the Ni2(Mo,Cr)-type precipitate 
 68 
phase did not evolve prior to precipitation of the DOa phase. This result further corroborates that 
these films did not follow the normally-expected aging behavior, where the Ni2(Mo,Cr) phase must 
transform prior to DOa in order to facilitate nucleation of a geometrically necessary stacking fault. 
Instead, the absence of the Ni2(Mo,Cr) superstructure indicates that the DOa phase transformed 
independently of any metastable phase beyond the observed short range ordered matrix. The aging 
behavior specifically observed here suggests that a short-ranged ordering of the matrix phase first 
began evolving, and then the DOa phase precipitated continuously off of that SRO structure.  
 
  
Figure 4.11: a) bright field image of the as-deposited material in the side view with growth 
direction indicated by white arrow, and nanotwinning indicated by black arrow; b) representative 
diffraction pattern from the {112}FCC//{12-12}HCP orientation shows no superstructure reflections. 
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Figure 4.12: a) bright field image of the as-deposited microstructure, shown in plan view, exhibits 
elongated grains and defect-rich grain boundaries; b) selected area electron diffraction pattern 
on the {111}FCC//{0001}HCP zone axis shows both HCP and FCC fundamental reflections. 
 
 
Figure 4.13: Phase transformation through the  side view of grains on the {11-2}FCC //{21-10}HCP 
zone axis that exhibit exclusively Ni3Mo precipitation (a) After only a few minutes at 650C, the 
side-view specimen already exhibited diffuse intensity at ¼ and ¾ fundamental lattice positions; 
furthermore, there is elongated intensity at 2/4 positions b) after 2.5 hours in situ, the specimens 
exhibited reflections at ¼, 2/4, and ¾ positions, consistent with the DOa-Ni3Mo superstructure; 
(c) After 6 hours at 650C in situ, reflections associated with the stable DOa-type Ni3Mo phase 
remained, with slightly sharper intensities at 2/4 positions indicating more precise long range 
order. This is consistent with short range ordering. (d-f) inverted contrast of the figures of interest 
lend clarity on reflection positions. 
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Figure 4.14: Observation of the aging behavior through the plan view of the thin film, resulting in 
observation of the {111}FCC//{0001}HCP orientation. A) after only a few minutes at 650C, sharp 
intensity at 1/4 and 3/4 fundamental reflection positions, associated with short range order, are 
visible. As with the {112} orientation, elongated reflections are visible at 2/4 fundamental 
reflection positions. B) after approximately 2 hours at 650C, the intensity of the superstructure 
reflections at 1/4, 2/4 and 3/4 fundamental reflection position has increased, indicating further 
ordering. c) after 8 hours at 650c, the intensities at every 1/4 fundamental reflection position have 
sharpened even further, consistent with transformation to the DOa-type Ni3Mo structure.   
 Following heat treatment, the overall microstructure was largely preserved, as shown in 
Figure 4.15, which shows the microstructure in both a) side view and b) plan view. In side view, 
the long columnar microstructure, parallel to the growth direction, is still present. Additionally, 
nanotwins are still visible as shown in Figure 4.15(a). In plan view, the as-deposited microstructure 
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is also still largely preserved, but some porosity due to defect coalescence is visible, particularly 
at grain boundaries, shown in Figure 4.15(b).  
  
Figure 4.15: following in situ heat treatment, the overall microstructure was overall preserved in 
both plan and side view; a) in side view, the growth direction is indicated by white arrow, and 
preserved nanotwins are indicated by black arrow; b) in plan view, the overall microstructure is 
preserved but some porosity is visible, particularly at grain boundaries, indicated by black arrow.  
 
4.5 DCMS Haynes® 242™, Aged 48 Hours at 775°C 
The Ni2(Mo,Cr) superstructure is known to directly precipitate in Haynes® 242™ when the 
material is exposed to higher temperature aging regimes [8]. This direct transformation occurs in 
contrast to continuous ordering off of the short range ordered matrix of Haynes® 242™, which is 
observed when the material is exposed to the conventional 650°C heat treatment. While the 
Ni2(Mo,Cr) phase was not observed in any of the aging experiments carried out directly on the as-
deposited DCMS Haynes® 242™ at 650°C, the question remained whether that metastable 
precipitate could evolve at higher temperatures where it is known to transform directly in the bulk 
material. 
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In order to examine the effects of a higher temperature aging treatment on the DCMS 
superalloy films, a section of as-deposited film was exposed to a heat treatment of 775°C for 48 
hours, similar to the treatment outlined in section 4.2 but at a higher temperature. This heat 
treatment resulted in significant microstructural changes, as shown in Figure 4.16(a) and (b). The 
growth direction of the film is indicated by a white arrow. The grains exhibited significant growth 
perpendicular to the growth direction, in contrast to both to the as-deposited material and the 
material aged at 650°C (shown in Figures 4.4 and 4.8, respectively).  However, even grains with 
a significant amount of lateral growth retained dense nanotwinning, shown in bright field in Figure 
4.16(b). Selected area diffraction on representative grains exhibited superstructure reflections 
consistent with the DOa phase, shown in Figure 4.17.  
  
Figure 4.16: (a) Bright field microscopy on DCMS Haynes® 242™ aged 48 hours at 775°C 
exhibits significant microstructural changes. White arrow indicates growth direction; black arrow 
indicates passivation layer that grew during the heat treatment, despite low oxygen content in the 
argon-filled annealing furnace; white-on-black arrow indicates columnar region near the surface; 
black-on-white arrow indicates region exhibiting grain growth and pinch-off, a feature that 
dominated the majority of the far-from surface microstructure.  (b) grains that exhibited growth 
and pinch-off retained nanotwinning, but some pores also nucleated due to coalescence of defects, 
shown by black arrow. 
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Figure 4.17:  Selected area electron diffraction on representative grains in the structure annealed 
at 775°C for 48 hours  revealed significant  presence of DOa-type ordering in these grains. In this 
figure, showing the {21-30}HCP (blue)// {11-2}FCC orientation, superstructure reflections 
associated with the DOa phase are shown in yellow. 
Despite the significant microstructural changes induced by the higher-temperature aging 
regimes, it is concluded that these DCMS films still precipitated the fully stable DOa-type 
superstructure. These films still did not precipitate the metastable Ni2(Mo,Cr) phase, despite the 
known capacity for that phase to transform directly at this temperature regime. This retention of 
the direct transformation to the DOa superstructure is associated with persistence of the planar 
defects native to the sputtered film. 
Retention of the columnar grain structure near the surface, despite grain growth towards 
the center of the film, was an unexpected feature. Inspection of this structure via STEM with EDS 
revealed a stochiometric relationship between the retained microstructure and the constituent 
superalloy elements in Haynes® 242™. As shown in Figure 4.18, The columnar features were 
associated with significant chromium depletion due to diffusion of the chromium to the surface of 
the material during passivation. The passivation layer also contained some molybdenum, a feature 
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that is associated with strong resistance to chemical attack in Haynes® 242™. The columnar 
region featured evidence of chromium depletion. 
 
Figure 4.18: EDS inspection of a select region near the surface of a specimen aged for 48 hours 
at 775°C revealed depletion of chromium near the surface due to formation of a passivation layer 
at the surface. Growth direction indicated by white-on-black-arrow. The passivation layer also 
contained some molybdenum in addition to the chromium.  
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4.6 DCMS Haynes® 242™, Annealed 30 Minutes at 1066°C 
Moderate-temperature aging treatments of the as-deposited film revealed exclusively HCP-based 
DOa-type precipitation, as described in Sections 4.1-4.5. In order to examine how the DCMS film 
would age if the distinct DCMS microstructure was changed via an annealing treatment, a 30 
minute anneal at 1066°C was applied to the film. The film was subsequently air-quenched, as 
described in Section 3.2.1.  This annealing schedule was selected based on standard industry 
practices for this superalloy [15,33,34]. Figure 4.19 reveals that the microstructure, observed in 
the side view, changed dramatically after the annealing step. The columnar microstructure that was 
observed in the as-deposited film was replaced by a more equiaxed structure, and the nanotwins 
were completely eliminated. No significant passivation was observed on the surface of these 
annealed films. A representative diffraction pattern, shown in Figure 4.19(b), shows weak and 
diffuse reflections consistent with short range ordering, which is expected following annealing in 
this material [8]. In order to better visualize the short range ordered reflections, a supplemental 
version of the diffraction pattern from Figure 4.19(b) is provided in Figure 4.20, with inverted 
intensity and adjustments to brightness and contrast. 
Some porosity is visible in the annealed film, which was expected due to coalescence of 
defects native to the sputtered superalloy. Additionally, while the nanotwins were eliminated, some 
annealing twins were visible in the annealed superalloy film. These annealing twins are common 
in the bulk superalloy and were not surprising to observe here.  
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Figure 4.19: (a) The columnar, nanotwinned microstructure of Haynes® 242™ in side view was 
eliminated by a 30 minute anneal at 1066°C. Growth direction is indicated by white arrow, and 
select annealing twins are indicated by black arrows. The resulting annealed microstructure 
features more equiaxed grains. The overall grain size was still sub-micron. (b) A representative 
diffraction pattern on the [100] axis shows weak, diffuse reflections, indicated by white arrow, 
that are consistent with short range ordering. 
 
 
Figure 4.20: an inverted version of the collected SAED from Figure 4.6.2(b), with contrast and 
brightness adjustments, allows for better visualization of the weak short-range ordered 
reflections. 
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4.7 DCMS Haynes® 242™, Annealed 30 Minutes at 1066°C, then Aged 48 Hours at 650°C 
Following an anneal at 1066°C, a typical aging heat treatment of 650°C for 48 hours was applied 
to the superalloy film. Following this second heat treatment, the material exhibited Ni2(Mo,Cr)-
type ordering, consistent with the normally-expected precipitation behavior in Haynes® 242™. 
Subgranular precipitation is evident by the very fine, almost wavy intragranular contrast for the 
central dark grain captured in Figure 4.21(a). The close spacing and strain contrast arising from 
the coherency between the matrix and precipitate make it difficult to distinguish individual 
precipitates. However, both the morphology of the precipitates observed via bright field imaging 
in Figure 4.21(a), and selected area diffraction data from a similarly representative grain (Figure 
4.21(b)), were consistent with the presence of metastable Ni2(Mo,Cr) precipitates [12]. 
 
Figure 4.21: Following a 1066 °C anneal for 30 minutes and subsequent aging heat treatment at 
650°C for 48 hours, the sputtered Haynes® 242™ precipitated the metastable Ni2(Mo,Cr) phase. 
(a) A representative grain exhibits subgranular, nanoscale texture, characteristic of Ni2(Mo,Cr) 
precipitates. (b) A representative selected area diffraction pattern on the {11#0} zone axis shows 
characteristic Pt2Mo superlattice reflections at every 1/3{220} FCC position. 
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4.8 Summary of DCMS Superalloy Results 
The effect of a microstructure formed by direct current magnetron sputtering on the aging behavior 
of Haynes® 242™ was examined. It was determined that when an aging heat treatment was 
applied directly to the as-deposited DCMS superalloy, the fully stable HCP-type DOa precipitate 
formed as shown in Sections 4.1-4.5. In situ heat treatment on the as-deposited film indicated that 
the DOa phase precipitated via continuous ordering, and the metastable Ni2(Mo,Cr) phase was 
never present during early ordering of the material, as described in Section 4.4. On the other hand, 
it was determined that when the material was annealed prior to aging, the nanotwinning was healed 
and the material precipitated the normally-expected Ni2(Mo,Cr) phase, as shown in Sections 4.6-
4.7. These results indicate a direct link between the DCMS microstructure and the resulting 
precipitation behavior. Table 4.2 summarizes the type of precipitation detected after each heat 
treatment for clarity. 
Table 4.2: Summary of the type of precipitate detected after each type of aging treatment. 
Heat treatment Precipitate 
As-deposited No ordering; mixed FCC/HCP 
Aged 48 hours at 650°C HCP-type DOa 
Aged 48 hours at 775°C HCP-type DOa 
In situ aging 10 hours at 650°C HCP-type DOa 
Annealed 30 minutes at 1066°C SRO 
Annealed 30 mins at 1066°C and aged 48 hr at 650°C FCC-type Ni2(Mo,Cr) 
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4.9 Sputtered Diffusion Couples 
The departure from normal precipitation behavior observed in sputtered superalloys, summarized 
in section 4.8, highlights a need to understand the kinetics of superalloys formed by direct current 
magnetron sputtering. This necessity arises both from the results shown here – which highlight a 
departure from normal aging behavior without prior annealing (Sections 4.1-4.5), and recovery of 
normal aging behavior with prior annealing (Sections 4.6-4.7) – as well as the known capacity of 
DCMS materials to be rich in point defects and contain high grain boundary density (Section 2.7). 
Therefore, diffusion couples were created in order to examine the diffusivity of alloying elements 
in sputtered superalloys. The sputtering parameters are detailed in Section 3.6.  
Due to the complexity of the Ni-Mo-Cr ternary phase diagram (Section 2.6), a simplified 
binary diffusion couple was fabricated. Ni, being the main constituent element in the Ni-25Mo-
8Cr superalloy, was selected as a material for one side of the diffusion couple. For the other side, 
chromium was selected instead of molybdenum due to the relative simplicity of Ni-Cr system 
relative to the Ni-Mo system, as discussed previously in Section 2.6 and shown with binary phase 
diagrams. This side-view of the as-deposited bilayer thin film, which shows the nickel and 
chromium layers, is shown in Figure 4.22. 
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Figure 4.22: Bright field TEM on the as-deposited diffusion couple with growth direction indicated 
by white arrow; the nickel-chromium interface is indicated by black arrow. The chromium layer 
is on the bottom, and the nickel layer is on the top. 
Following deposition, the thin film diffusion couples were delaminated from the substrate 
and small sections were heat treated in a custom environmental control furnace under flowing 
argon, described in Section 3.1. The furnace was first heated to 600°C and then the thin films were 
inserted into the hot zone using a push rod system. Following heat treatments ranging between 30 
and 90 minutes, the thin films were retracted into the water-cooled zone of the furnace and 
remained under flowing argon until cool. FIB was then used to extract electron transparent 
specimens of these diffusion couples. Micrographs through the side view of the thin film diffusion 
couples following 30 and 90 minute heat treatments, respectively, are shown in Figure 4.23. 
 81 
  
Figure 4.23: HAADF STEM images of two different heat treatments applied to sections of the 
diffusion couple with chromium on the bottom and nickel on the top; a) a diffusion couple following 
exposure to a 30-minute heat treatment; b), a diffusion couple exposed to a 90 minute heat 
treatment. Growth directions indicated by white arrow, and approximate interfaces indicated by 
black arrow.  
EDS line scans were collected perpendicular to the interface of the sample in STEM. These 
line scans were fitted with a sigmoid curve, as described in Section 2.8.3.  
Select line scans across the interface of a specimen aged for 30 minutes is shown in Figure 4.24. 
Figures 4.25 and 4.26 feature a line scan with sigmoid fit for 30 and 90 minute specimens, 
respectively, as calculated by the Boltzmann-Matano utility tool. Once the sigmoid curve was 
calculated, the Boltzmann-Matano method was performed on the calculated sigmoid function, 
allowing for determination of the diffusivity as a function of concentration, 𝐷((𝐶∗). The plots of 
diffusivity vs concentration for select diffusion couples is shown in Figure 4.27. 
 82 
 
Figure 4.24: Select line scans 1, 2, and 3 from left to right across the Ni-Cr interface of a diffusion 
couple aged for 30 minutes at 600C.  
 
 
Figure 4.25: The results of an EDS line scan across the Ni-Cr interface of the 30-minute diffusion 
couple (blue circles) with sigmoid curve fit (green line), as calculated using the Boltzmann-Matano 
utility tool fitting measured chromium content. 
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Figure 4.26: A sigmoid curve fit on the detected molar fraction of chromium across the interface 
of a specimen aged for 90 minutes clearly shows an intermetallic peak from Ni2Cr near the 
diffusion couple interface. 
 
Figure 4.27: Diffusivity of Cr in Ni as determined in select diffusion couples using the Boltzmann-
Matano method as applied by the Boltzmann-Matano utility tool. 
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The average calculated diffusivity of Cr in Ni at 600°C for this diffusion couple was in the 
regime of around 10-14-10-15 m2/s. The measured interdiffusion values were one to two orders of 
magnitude faster than the reported value of 1.85*10-16 m2/s at this same temperature regime [13], 
as well as the diffusivity reported by tracer diffusion of chromium51 in nickel at higher 
temperatures (also ~10-16 m2/s) [14], and Boltzmann-Matano analysis of Ni vs Ni-Cr diffusion 
couples at higher temperatures (also ~10-16 m2/s) [15]. However, the calculated diffusivity from 
the Boltzmann-Matano method demonstrated here may not adequately encapsulate all of the 
factors that are important to consider during investigation of nanocrystalline materials. Issues that 
may arise due to assumptions made in the Boltzmann-Matano method, in addition to additional 
factors that impact interdiffusion in thin films beyond concentration alone, will be discussed in 
detail in Section 5.9. 
4.10 Summary of Results 
This chapter described a number of experimental methods employed to explore the effect of direct 
current magnetron sputtering on the aging behavior of the Ni-25Mo-8Cr superalloy, Haynes® 
242™. The environments selected for these heat treatments complement those that have been 
previously explored in literature on bulk Haynes® 242™ specimens. These methods included ex 
situ direct aging heat treatments, in situ aging heat treatments, and annealing and aging heat 
treatments. Finally, the mass transport behavior of the DCMS superalloys was explored via 
diffusion couples. The results from these diffusion couples were interpreted via the Boltzmann-
Matano transformation of Fick’s second law of thermodynamics. The next chapter will discuss 
and compare the results from these complementary investigations in order to interpret how and 
why the DCMS microstructure can change the precipitation behavior of a nickel superalloy.  
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CHAPTER 5 
DISCUSSION 
This chapter aims to establish that the early precipitation of the DOa superstructure in sputtered 
Haynes® 242™ was directly linked to the as-deposited HCP-type domains in the superalloy film. 
The cumulative evidence presented in Chapter 4 on the aging of a DCMS superalloy highlights 
several critical points that merit further discussion, including: (i) the nature and concentration of 
planar defects and HCP/FCC domains in the as-deposited microstructure of the sputtered alloy; 
(ii) the role of these planar defects in the early precipitation of the DOa phase and suppression of 
the Ni2(Mo,Cr) phase; and (iii) the recovery of conventionally observed precipitation behavior by 
elimination of planar defects via annealing. Finally, the effect of sputtering on the kinetics of a 
superalloy will be discussed in terms of the diffusivity calculated via Boltzmann-Matano analysis 
on sputtered diffusion couples. 
5.1 As-Deposited DCMS Haynes® 242™    
As reported in Section 4.1, TEM observations of the as-deposited Haynes® 242™ film revealed a 
strong <111>FCC//<0001>HCP texture along the growth direction, with nanotwinning perpendicular 
to the growth direction in the closest-packed {111}FCC//{0001}HCP planes. Transmission XRD 
corroborated the presence of both hexagonal close-packed and face-centered cubic domains, at a 
ratio of approximately 1:1 FCC:HCP. The principal difference between the two structures simply 
falls to the sequential ordering of the closest packed planes; FCC structures follow ABCABC 
planar ordering, whereas HCP structures follow ABABAB ordering. In this examination, the 
coexistence of the two variants of close packing was accommodated by dense planar faulting, as 
revealed via HRSTEM, shown in Figure 4.6(b). Figure 5.1 demonstrates how HCP-like ordering 
can arise from planar faults in an FCC structure: 
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Figure 5.1: two examples of HCP-like ordering that arises in an FCC crystal structure due to 
planar faults such as an intrinsic stacking fault (left), and a double twin (right).  
 
Additional confirmation of the co-existence of both close-packed structures was observed 
upon closer inspection of the SAED presented in Figure 4.6(a). This diffraction pattern was clearly 
indexed as the [1#1#20]HCP zone axis with significant streaking between {0001}HCP reflections. The 
distinctly HCP zone axis collected by SAED was initially unexpected, because the matrix structure 
of nickel superalloys is typically FCC. Other investigations of DCMS superalloys have found that 
plan-view nanotwinning of similar-looking zone axes can typically be indexed in terms of the 
[011]FCC zone axis [1]. However, distinct reflections associated with {011}FCC and its twin 
reflections were obscured in this SAED due to streaking from the dense planar faulting. Despite 
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this complication, coherency between the indexable [1#1#20]HCP zone axis and obscured [11#0]FCC 
reflections was rationalized in terms of the already-known coherency in the specimen on 
{111}FCC//{0001}HCP planes in addition to favorable comparisons with other coherent FCC/HCP 
coherent microstructures, such as the phase transformation associated with ε martensite [2].  
The SAED presented in Figure 4.6(a) therefore prompts further questions:  specifically, 
where are the distinct FCC-related reflections, or where exactly is the nanotwinning? The evident 
absence of discrete FCC intensities in SAED is likely a result of the extremely dense planar faulting 
in the material, resulting in limited thickness of the distinctly FCC-like regions. SAED presented 
in Figure 4.6(a) demonstrates that faulting intensities streak along {111}FCC//{0001}HCP directions. 
There is markedly increased intensity at {1#101}HCP (specifically, at odd L positions in 
{HKiL}notation) relative to {1#100}HCP or {1#102}HCP (even L), which closely overlap with 
{002}FCC and associated twin reflections. However, due to the extremely limited thickness of the 
FCC regions established by HRSTEM in Figure 4.6(b), any expected FCC-type structure 
reflections blend in with the streaking in {111}FCC //{0001}HCP directions, and therefore their 
coherent positions can only be inferred. 
The overwhelming evidence of hexagonal close packing presented here - in contrast to 
other sputtered superalloys - is the result of properties specific to Ni-Mo-Cr as well as the 
sputtering parameters used during deposition. Firstly, while nickel has a stacking fault energy of 
about 125-150 mJ/m2 [3–5], it is lowered considerably by alloying with chromium and 
molybdenum, as previously observed in literature [6–8]. The effective stacking fault energy of the 
Haynes® 242™ superalloy can be calculated due to the known impact of its alloying elements on 
the stacking fault energy of the primary element, nickel. The formula to calculate the effective 
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stacking fault energy simply requires that the relative atomic percent of each alloying element is 
known [8]. Equation 5.1 shows the formula in full: 
 	∆𝛾	,% = 1.66(𝑎𝑡%𝐶𝑟) + 1.72(𝑎𝑡%𝐴𝑙) + 8.0(𝑎𝑡%𝑇𝑖) + 1.66(1.66𝑎𝑡%𝑀𝑜) +50%(𝑓𝑜𝑟	𝑊) + 0.96%(𝑎𝑡%𝐶)       Equation 5.1 
 ∆𝛾	,% = 1.66 ∗ 6.27	𝑎𝑡%𝐶𝑟 + 1.66 ∗ 36.18	𝑎𝑡%𝑀𝑜 = 70.48	%  Equation 5.2 
 
For Haynes® 242™, the stacking fault energy is therefore approximately 70% lower than 
that of nickel, as per Equation 5.2. Therefore, with the stacking fault energy of nickel being 
estimated around 125-150 mJ/m2 [3–5], this results in an estimated stacking fault energy of around 
37-44 mJ/m2 in Haynes® 242™. As a note, the effect of alloying with molybdenum is probably 
conservative as per discussions by Xie et al; it is possible that the moderate molybdenum content 
further lowers the stacking fault energy beyond what is calculated here [8]. 
The decreased stacking fault energy calculated for Haynes® 242™ due to alloying caused 
the material to be sensitized to planar faulting relative to unalloyed nickel [9]. Additionally, the 
deposition parameters strongly affected the material texture and ordering: the high sputtering rate 
of 4.4 nm/s, as well as the water-cooled substrate, limited atomic mobility and prevented relaxation 
or reordering during deposition of the film. Therefore, due to the low calculated stacking fault 
energy, in addition to the sputtering parameters used in this investigation, it is evident why the 
DCMS superalloy was susceptible to nanotwinning.  
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5.2 Early Evolution of DOa Superstructure From One-Step Heat Treatment at 650°C 
Selected area electron diffraction patterns collected from DCMS Haynes® 242™ that was aged 
for 48 hours at 650°C showed no evidence of the normally-expected Ni2(Mo,Cr) precipitate, as 
shown in Figure 4.8(b) and corroborated by XRD, shown in Figure 4.9. This result demonstrated 
a distinct departure from the normal aging behavior of the Haynes® 242™ superalloy, which is 
described in detail in Section 2.7. 
Despite the departure from reported bulk behavior, the microstructural observations 
presented in this investigation corroborate aging behavior previously reported on a different 
DCMS superalloy, INCONEL® 718 [10]. While the DOa structure in INCONEL® 718 is formed 
mostly by d-Ni3Nb, not Ni3Mo, it is prudent to draw parallels between these isomorphic 
precipitates. Burns et al. [10] proposed that rapid aging kinetics, facilitated by the defect-rich, 
nanograined microstructure, lead to rapid stabilization of the equilibrium DOa-type phase. While 
that assessment captures part of the overall process, the additional microstructural evidence 
presented in this investigation is critical for advancing the understanding of phase transformation 
behavior in DCMS superalloys. 
As discussed in Section 4.1, examination of the microstructure in the side view of the as-
deposited DCMS Haynes® 242™ film, presented in Figure 4.4, revealed dense planar faults, 
colloquially referred to as nanotwins.  It is conventional knowledge that defect sites such as 
stacking faults, dislocations, and grain boundaries may act as nucleation sites for precipitation in 
superalloys. The revelation of a high concentration of nanotwins is therefore consistent with the 
previous assertion of defect-accelerated aging kinetics [10]. However, the conclusion that the 
stacking faults simply acted as suitable nucleation sites does not fully justify the complete absence 
of the metastable Ni2(Mo,Cr) precipitate phase following various aging heat treatments applied to 
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the as-deposited DCMS superalloy. These aging heat treatments included the normal aging 
temperature of 650°C, where the Ni2(Mo,Cr) phase is expected to precipitate continuously, as well 
as a higher temperature of 775°C, where the Ni2(Mo,Cr) phase is expected to precipitate via direct 
transformation. 
While there is a preponderance of microstructural evidence that supports enhanced, defect-
assisted species mobility in these DCMS films, these features alone cannot completely account for 
the early, overwhelming presence of the HCP-based DOa precipitate phase. This conclusion is 
drawn due to the marked complexity of the established transformation pathway preceding DOa 
precipitation in typical Ni-based superalloys [11,12]. In conventionally processed INCONEL® 
718 and Haynes® 242™, precipitation of the DOa phase proceeds via decomposition of metastable 
DO22 or Ni2(Mo,Cr) phases, respectively. Precipitation of the DOa intermetallic is therefore 
contingent on prior precipitation of metastable intermetallics. This indirect transformation 
pathway is necessary because precipitation of the DOa phase requires formation of a geometrically 
necessary stacking fault on {111}FCC planes to transform the local ordering from FCC-like to HCP-
like. Formation of this stacking fault occurs via a shear transformation following decomposition 
of prior metastable precipitates [11,12]. After formation of the geometrically necessary stacking 
fault, the DOa phase precipitates coherently on (010)DOa//{111}FCC planes. A diagram illustrating 
the established bulk transformation methods for superalloys with FCC-based metastable 
precipitates and HCP-based stable precipitates is shown in Figure 5.2. 
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Figure 5.2: ordering mechanism in typical Haynes® 242™  *Intermediate mechanism proposed 
based on behavior in similar alloys with metastable NixMoy precipitates [11,12]. 
 
If accelerated transport kinetics alone were responsible for the premature presence of the DOa 
phase in DCMS Haynes® 242™, it would require that the material precipitated the metastable 
Ni2(Mo,Cr) phase which then rapidly decomposed, formed the geometrically necessary stacking 
faults, and then precipitated the DOa phase in only 48 hours at moderate temperature. Likewise, in 
the case of DCMS INCONEL® 718, a similarly complex process (involving prior metastable DO22 
rather than Ni2(Mo,Cr)) would have occurred in only 16 hours. This complex precipitation-
decomposition-precipitation behavior seems unlikely given the time constraints of the aging 
treatments described. In order to conclusively rule out the complex precipitation behavior, 
shortened heat treatments as well as in situ TEM heat treatments were applied to portions of the 
film in order to observe the early ordering behavior. 
5.3 DCMS Haynes® 242™, Aged Less Than 48 Hours at 650°C 
An early investigation into whether the DOa phase precipitated without prior metastable 
Ni2(Mo,Cr) in DCMS Haynes® 242™ was carried out by interrupting an aging heat treatment on 
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the as-deposited film after only 20 hours at 650°C. Examination of the selected area electron 
diffraction pattern, presented in Figure 4.10(b), showed no evidence of the metastable Ni2(Mo,Cr) 
phase. All reflections can be attributed to either fundamental reflections, overlapping grains, or 
superstructure reflections associated with the HCP-type DOa phase. Due to these results, it was 
concluded that the DOa phase precipitated during the early stages of the aging heat treatment. 
Further investigation of this early precipitation behavior was therefore conducted via in situ 
examination. 
5.4 In Situ TEM Heat Treatment of Haynes® 242™  at 650°C  
In situ TEM heat treatments were applied in order to determine whether any measurable amount 
of the metastable Ni2(Mo,Cr) phase was present during early ordering of the DCMS Haynes® 
242™  superalloy. These in situ investigations were critical for ruling out the normally expected 
precipitation pathway, which is contingent on precipitation of metastable Ni2(Mo,Cr), 
decomposition of that phase, formation of a stacking fault, and finally precipitation of the DOa 
superstructure on that stacking fault.  
Section 4.4 established that there was a complete absence of intensity at 1/3{220}FCC and 
1/3{420}FCC fundamental reflection positions on the observed {112#}FCC//{213#0}HCP and 
{111}FCC//{0001}HCP zone axes throughout in situ heating. This absence can be seen clearly in the 
in situ timelines presented in Figures 4.12 and 4.13. It can therefore be concluded that measurable 
concentrations of the Ni2(Mo,Cr)-type structure were not present at any point during the in situ 
heat treatments. Instead, the thin foil exhibited diffuse, elongated reflections at ¼{220}FCC and 
¾{220}FCC positions that sharpened throughout the experiment. Superstructure reflections at these 
relative positions are associated with the presence of SRO. The sharpening of these ¼ and ¾ 
reflections was accompanied by an additional diffuse and profoundly elongated superstructure 
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reflection at ½{220}FCC positions. Reflections at the ½ position also sharpened throughout each of 
the in situ examinations. Reflections present at each ¼, ½, and ¾ fundamental reflection position 
are associated with precipitation of the fully stable DOa phase, the existence of which was 
corroborated via ex situ examinations previously discussed in Sections 4.2-4.3. Experimental in 
situ and simulated diffraction patterns of Ni2(Mo,Cr)  and Ni3Mo-DOa on the {111}FCC//{0001}HCP 
zone axis are shown in Figure 5.3. 
 
Figure 5.3: Experimental and idealized diffracted intensity from of coherent DOa ordering viewed 
on {111}FCC//{0001}HCP. Reflections from Ni2(Mo,Cr), shown in the idealized diffraction pattern, 
were not observed in the experimental diffraction pattern. 
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The cumulative in situ evidence presented here indicates that it was DOa, not Ni2(Mo,Cr), 
that precipitated off of the SRO matrix. SRO reflections began to appear as soon as the heating 
stage began to approach the nominal aging temperature of 650°C, and superstructure reflections 
associated with the DOa-type superstructure coalesced continuously in relation to the SRO 
reflections. 
5.5 Precipitation of DOa at Higher Aging Temperature of 775°C 
The question of whether DOa would also precipitate if the DCMS superalloy was exposed to a 
temperature higher than the nominal aging temperature was important to consider. This necessity 
arose because previous investigations have shown that, at higher temperatures, the Ni2(Mo,Cr) 
superstructure can precipitate via direct transformation [13,14]. This direct transformation occurs 
in contrast to the precipitation behavior at 650°C, whereby Ni2(Mo,Cr) precipitates via continuous 
ordering off the SRO structure, as found previously by Kumar et al [14]. Therefore, since the 
capacity of Ni2(Mo,Cr) to transform directly at elevated temperature is known, it was necessary to 
examine the potential for this to occur in the DCMS film. In this present investigation, where 
DCMS Haynes® 242™ was exposed to a heat treatment for 48 hours at the higher temperature of 
775°C, the microstructure exhibited notable grain growth, most notably perpendicular to the 
growth direction, as shown in Figure 4.16(b).  
Despite the grain growth shown during the 775°C heat treatment, the grains still 
demonstrated subgranular texture in bright field that indicated that nanotwinning was retained as 
shown in Figure 4.16(b). Furthermore, the post-aging material exhibited reflections consistent with 
the DOa superstructure in SAED as shown in Figure 4.17. These results demonstrate that, despite 
the known capacity for the metastable Ni2(Mo,Cr) superstructure to directly precipitate at higher 
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aging temperatures, precipitation of that phase was still suppressed in this sputtered superalloy 
system. Instead, precipitation of the fully-stable HCP-based DOa superstructure was preferred.  
A final comment must be made on near-surface features of the higher temperature aged-
only specimens in this investigation. In these specific specimens, there was a distinct difference 
between the grain growth observed in the center of the film vs near the surface; the material 
appeared to mostly retain its as-deposited microstructure near the surface, as opposed dramatic 
grain growth as seen throughout the center of the high temperature aged film. Such surface-specific 
features were not observed in any other heat treatment, including short, high temperature anneals 
or lower temperature aging treatments. At this time, it is suspected that the near-surface 
microstructure may be somehow related to chromium depletion, since chromium will diffuse to 
the surface as it  passivates. This speculation was corroborated by STEM EDS mapping, which 
showed a chromium passivation layer on the surface of the material, with chromium depletion in 
the near-surface region. 
This chapter has thus far established observation of the HCP-type DOa superstructure in 
DCMS Haynes® 242™ at both the normal aging temperature and at elevated aging temperature. 
In the bulk material, Ni2(Mo,Cr) is expected to precipitate via continuous ordering off of the SRO 
matrix or by direct transformation, respectively, at both of these aging regimes. These present 
results indicate that precipitation of Ni2(Mo,Cr) was suppressed in the DCMS films regardless of 
anticipated precipitation mechanism, in favor of the fully stable HCP-based DOa precipitate. 
Knowledge of the as-deposited superstructure discussed in Section 5.1, in addition to collective 
precipitation behavior discussed in Sections 5.2-present, now permit a mechanism of the 
transformation behavior in these DCMS films to be proposed. 
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5.6 Proposed Mechanism: Continuous Ordering of the DOa Precipitates 
In Haynes® 242™, the DOa phase typically occurs only after the metastable Ni2(Mo,Cr) phase has 
precipitated and successively decomposed, allowing for formation of a stacking fault and 
subsequent transformation of the HCP-based DOa superstructure. The final step of this complex 
precipitation-decomposition-precipitation behavior typically occurs only after thousands of hours 
in standard Haynes® 242™ specimens. In this investigation on Haynes® 242™ formed by DCMS, 
however, the DOa superstructure was observed after a normal aging treatment of only 2 days at 
650°C, as well as after a 2-day heat treatment at 775°C. In the bulk superalloy, the Ni2(Mo,Cr) 
precipitate is typically expected to precipitate and coarsen during both of these heat treatments, via 
continuous ordering or direct transformation, respectively.  
Based on microstructural evidence collected via TEM, HRSTEM, and transmission XRD 
in the present investigation, a different transformation pathway is proposed—rather than a rapid 
and complex multistep precipitation-decomposition-precipitation event, the DOa phase evolved 
via continuous ordering off of regions of the as-deposited film that had an HCP-like crystal 
structure. This conclusion arises from the significant HCP-like character of the as-deposited 
DCMS superalloy films, presented in Section 4.1 and corroborated via XRD, SAED, and 
HRSTEM. The complementary techniques used in this investigation were critical to understanding 
the impact of the complex as-deposited microstructure on the aging behavior of the thin film 
superalloy. Given the significant HCP-like ordering prior to any heat treatment, it is 
straightforward to conclude that the microstructural conditions required for DOa precipitation were 
already present, and the proposed ordering pathway is shown in Figure 5.4. 
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Figure 5.4: Left, bulk ordering behavior at elevated temperature in Ni-25Mo-8Cr, compared to 
the proposed ordering mechanism in the present investigation, right. In this investigation, the 
metastable Ni2(Mo,Cr) phase and its decomposition were bypassed entirely due to preexisting 
HCP-type solid solution. 
 
Figure 5.5 shows a hypothetical region of an FCC material interrupted by an intrinsic 
stacking fault, resulting in local HCP-type ordering. By interpreting the present theory here, which 
proposes that the DOa-type regions nucleated on the local HCP-type regions, Figure 5.5 shows 
how molybdenum may self-segregate to every fourth {420}-type FCC plane. This site-specific 
segregation results in local DOa-type precipitation that is coherent with both the FCC and HCP 
matrix around an intrinsic stacking fault.  
While the HCP-like regions allowed for rapid ordering of the DOa phase, there was a 
distinct absence of the Ni2(Mo,Cr) precipitate throughout all heat treatments on sputtered Haynes® 
242™ without prior anneal, despite regions of FCC-type ordering in the as-deposited material.  
Such an absence is difficult to rationalize on the basis of solute redistribution during precipitation 
of the DOa phase.  Ni2(Mo,Cr) is stable over a range of Mo and Cr compositions, but it is stabilized 
by increasing Cr concentrations. Conversely, Mo is more soluble than Cr in the DOa precipitate 
[15]. If there were significant compositional difference between regions of DOa ordering and the 
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surrounding microstructure, it would follow that the surrounding phases would be enriched in Cr. 
This increase in the nominal Cr:Mo ratio would not suppress but rather would enhance stability of 
the Ni2(Mo,Cr) phase. It can be concluded that the Ni2(Mo,Cr) phase was therefore not suppressed 
on the basis of local variations in solute concentration that arose as a result of DOa precipitation. 
 
 
Figure 5.5: A schematic showing how one orientation of the Ni3Mo-DOa superstructure may 
nucleate by site-specific segregation of Molybdenum around a stacking fault. 
 
At this time, it is yet unknown why the Ni2(Mo,Cr) transformation was entirely suppressed. 
However, prior investigations of the transformation of the Ni2(Mo,Cr) superstructure, in addition 
to knowledge of the as-deposited structure of this material, may lend some insight. It is possible 
that precipitation of the Ni2(Mo,Cr) superstructure may have been restricted due to geometric 
constraints. Under normal aging conditions, Ni2(Mo,Cr) forms lenticular precipitates that are 
coherent with the FCC lattice via [100]Ni2(Mo,Cr)//[110]FCC, [001]Ni2(Mo,Cr)//[001]FCC, and 
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[010]Ni2(Mo,Cr)//[1#10]FCC. The density of the FCC/HCP ordered domains, shown by HRSTEM in 
Figure 4.6, may have suppressed transformation of the Ni2(Mo,Cr) by restricting the geometrically 
favorable morphology. This geometric restriction may have played a role in suppressing the 
Ni2(Mo,Cr) phase, preventing it from growing off of the nucleated SRO sites, which were still 
observed during in situ aging as shown in Section 4.4. 
5.7 Recovery of Normal Aging Behavior via Two-Step Heat Treatment 
When DCMS Haynes® 242™ was exposed to an annealing heat treatment, the columnar grains 
and nanotwins were replaced by a more equiaxed microstructure as shown in Figure 4.19(a). It is 
worth noting that while the overall grain size is on the order of a micron, there are also ~200 nm 
size precipitates at the grain boundaries. The size and morphology of these 200 nm precipitates is 
consistent with that of M23C6 carbides, which commonly evolve at the grain boundaries of bulk 
Ni-Mo-Cr alloys [14,16]. Carbides in Ni-Mo-Cr typically do not evolve for thousands of hours, 
but their early presence in this material may be rationalized as being related to the high defect and 
grain boundary density. Upon exposure to a subsequent aging heat treatment after annealing, the 
morphology of these carbides did not change significantly. 
Transmission electron diffraction on the large, equiaxed grains in the annealed-only 
specimens revealed diffraction patterns consistent with short range ordering (SRO) on an FCC 
lattice, cf. Figures 4.19(b) and 4.20.  The crucial role of this SRO in the formation of Ni2(Mo,Cr) 
has been described by Banerjee et al. [17]  and later by Verma et al. [18]. The presence of SRO in 
the annealed-only specimens, concomitant with annihilation of the stacking faults, enabled the 
precipitation of lenticular, subgranular Ni2(Mo,Cr) precipitates after a subsequent 48 hour heat 
treatment at 650°C, shown in bright field in Figure 4.21(a). Selected area diffraction of a 
representative area demonstrated reflections consistent with the Ni2(Mo,Cr) phase, shown in 
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Figure 4.21(b). This transformation occurred despite an average grain diameter of <1 µm and 
residual defects such as voids and annealing twins. These results demonstrate that, despite the 
complicated initial microstructure, the conditions required to successfully evolve significant 
Ni2(Mo,Cr) ordering can be achieved via careful heat treatment.  
 The recovery of normal ordering behavior in DCMS superalloys via a pre-aging anneal is 
linked directly to recrystallization of the microstructure. Specifically, exposure to an elevated 
temperature that annihilated the stacking faults in the material also largely eliminated HCP-like 
domains, such that the material after annealing was FCC-like, as is observed in the bulk superalloy. 
This FCC crystal structure reintroduced a significant barrier to transformation of the DOa 
superstructure by severely limiting suitable sites for coherent precipitation of that HCP-based 
phase. Therefore, with the HCP basis for the DOa superstructure eliminated, the DCMS film 
recovered normal aging pathways, which involves precipitation of the metastable, FCC-based 
Ni2(Mo,Cr) superstructure after initial aging heat treatment. 
5.8 Implications for Future Sputtered Superalloys 
This present work established that significant domains of HCP-type ordering facilitated 
precipitation of the stable DOa phase in a sputtered superalloy. This precipitation behavior was 
also associated with a complete absence of the metastable Ni2(Mo,Cr) phase, demonstrating a clear 
departure from bulk aging behavior. While many questions were answered over the course of this 
investigation – namely, the effect of nanotwinning on precipitation in superalloys – there remain 
many unanswered questions. Two interesting areas for future investigation are proposed here: 
ordering in other superalloys with known FCC and HCP precipitates, and ordering in superalloys 
where HCP-based precipitation is not normally expected. 
5.8.1 Careful control of precipitation in superalloys with known HCP-based superstructures 
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The experimental results from this investigation underscore the importance of controlling the 
initial microstructure when aging DCMS superalloys. The pervasive presence of HCP domains 
due to dense planar defects that arose from sputtering were correlated with early precipitation of 
the HCP-based DOa precipitate phase. This aging behavior suggests a potential problem for DCMS 
superalloys; for example, when the metastable phase is desired on the basis of its mechanical 
properties, methods must be undertaken to prevent precipitation of the DOa phase. This DOa phase 
should often specifically be avoided, because despite its relative strength, it is associated with 
embrittlement of the superalloy.  
In this present investigation, it was shown that the DOa phase could be avoided simply by 
including an annealing step prior to aging. Similar results were also found by Burns et al [10], 
although they attributed the change in precipitation to the increased grain size following annealing. 
(As a note, at the time of that investigation, they lacked access to facilities for observing the 
material through the side view and therefore were unable to see key microstructural features such 
as nanotwinning). By eliminating the dense planar faults and recovering an FCC crystal structure 
via annealing, the sputtered superalloys recovered normal FCC-based precipitation behavior 
during subsequent aging. This result lends insight into how other superalloys may have to be 
treated, particularly those with near- 3Ni:Mo stoichiometry. Since annealing was determined to  
play a critical role in eliminating regions of HCP-like ordering, it is likely that many classes of 
sputtered superalloy may also require an anneal prior to aging. The high temperature anneal is 
particularly important, since this investigation also established that simply aging at a higher 
temperature is not adequate for recovering the bulk precipitation behavior despite significant grain 
growth, as established in Section 5.5. It can therefore be concluded that heat treatments must be 
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undertaken that specifically aim to eliminate HCP-type domains in order to recover FCC-based 
precipitation behavior. 
5.8.2 Hypothetical scenarios: new design space for precipitation  
The continuous ordering of an HCP-based superstructure in a sputtered superalloy, established in 
this present work (Sections 5.4 and 5.6), may suggest that there are as-yet unexplored avenues for 
superalloy precipitation. The reason this surprising ordering may occur is due to the complex aging 
behavior that leads to the HCP-based precipitate. Specifically, in superalloys where precipitate 
strengthening does not normally occur, the material will not undergo the necessary decomposition 
phenomena that is required to form the geometrically necessary stacking fault, as outlined 
previously in Figure 5.2. Without formation of the geometrically necessary stacking fault, 
precipitation of the fully stable HCP-based phase is prohibited. However if, as demonstrated in 
this present investigation, a geometrically necessary stacking fault already exists, metastable FCC-
based precipitation is not required.  
A preliminary investigation into the potential for precipitation in a nominally solid solution 
superalloy was conducted on a specimen of DCMS 84Ni-14Mo-2W (at.%). The as-deposited 
superalloy contained columnar grains and nanotwinning, similar to the DCMS Haynes® 242™ 
from this investigation. Following a heat treatment at 600°C for 1 hour under vacuum, this 
superalloy exhibited superstructure reflections, shown in Figure 5.6. Given the results found in 
Haynes® 242™ as presented in Sections 5.2-5.5, it can be hypothesized that the nanotwinning also 
observed in this NiMoW DCMS film also may have contributed to unexpected precipitation. It is 
therefore straightforward to conclude that the possibility for HCP-type superstructure stability is 
something to be aware of in DCMS superalloys where HCP-based precipitation is not normally 
expected. 
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This present in-depth examination of  sputtered Haynes® 242™  – as well as a similar 
examination on sputtered INCONEL® 718 – demonstrated rapid precipitation to a known HCP-
based superstructure associated with overaging in both materials [10]. In light of these results, it 
is important to ask whether other materials may precipitate HCP superstructures that have not yet 
been observed due to the lack of prior HCP-like ordering in the parent material. This question 
arises due to the severe energy barrier to transformation imposed on a precipitate phase when a 
stacking fault is required for transformation, as has been observed in Haynes® 242™ and 
described in Section 2.5.6.  
 
 
Figure 5.6: diffuse reflections detected in the NiMoW specimen following aging at 600°C for 1 
hour indicate that precipitation has occurred. Further investigation is required in order to 
determine the specific precipitate and the mechanism by which it formed.  
 
In order to support the hypothesis that as-yet undiscovered HCP-based superstructures in 
various nickel superalloy systems may exist, examination of other alloys may provide some 
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valuable insight. However, due to the calculated stability of the DOa superstructure across a wide 
range of superalloys near the 3Ni:Mo composition, it is likely that the superalloy must have a 
stoichiometry that is very far from that ratio. One starting point may be to examine various families 
of FCC-type superstructures; in the same way that FCC and HCP structures can be described by 
their stacking faults as per Section 2.4, the FCC-type DO22 and HCP-type DOa superstructures can 
also be described as differing by a single stacking fault, described in Section 2.7.4. Both DO22 and 
DOa have been observed in nickel superalloy systems. Theoretically, it is possible that we might 
extend this FCC/HCP superstructure comparison further to other structure types in nickel 
superalloy systems. Table 5.1 lists some common FCC-based intermetallics and related HCP 
superstructures, which may serve as a starting point for HCP superstructures to be cognizant of 
when forming nickel superalloys that contain significant hexagonal close packed solid solution 
domains. 
Table 5.1: FCC-based superstructures and their related HCP-based superstructures [19] 
Stoichiometry FCC-type space group FCC-type examples HCP-type space group HCP-type examples 
3M:N I4/mmm DO22 Pmmn DOa 
3M:N Pm3#m L12 P63/mmc Ni3Sn, DO19 
2M:N I/mmm Pt2Mo, Ni2(Mo,Cr) Cmcm, Pmmn, P21/m Si2Zr 
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5.9 Accelerated Kinetics in Sputtered Films 
The previous sections in this chapter discussed observed precipitation behavior in DCMS 
Haynes® 242™ but did not attempt to comment on the precipitation rate. While the HCP/FCC 
close-packed domains facilitated transformation of the HCP-based DOa phase in DCMS Haynes® 
242™ as observed in Sections 4.2-4.5 and discussed in Sections 5.2-5.5, it is important to consider 
how the high defect density native to DCMS materials affected the kinetics of the sputtered 
superalloy. This property of sputtered films is significant because defect density and grain 
boundary density are both known to enhance diffusion in a material. In order to link native defects 
in the film to diffusion behavior, an experiment to examine interdiffusion of atomic species was 
performed using sputtered Ni-Cr diffusion couples, as described in Section 4.9. Following heat 
treatment of these diffusion couples, the Boltzmann-Matano transformation of Fick’s second law 
was applied in order to calculate the diffusivity of chromium in nickel as a function of 
concentration, 𝐷H(𝐶∗). 
As a note, the sputtered Ni-Mo-Cr system poses a few problems for diffusion couples due 
to a few reasons. First of all, there is a marked instability of metal nanograined microstructures at 
elevated temperature. Therefore, an appropriate temperature that was near the temperature range 
of interest –specifically, the aging temperature of the Haynes® 242™ superalloy – without 
significant grain growth of the DCMS columnar structure was determined to be 600°C. 
Fortunately, this selected temperature is only about 50°C below the nominal aging temperature of 
the superalloy, allowing for the results of both experiments to be easily compared. 
After the appropriate temperature range was determined, it was important to carefully 
select the constituent metallic species in order to simplify the diffusion couple from a ternary 
system to a binary system. While it is possible to use non-pure metals in a diffusion couple, as a 
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first pass the binary system is more appropriate for simplicity. This straightforwardness arises 
because a binary system simplifies the Boltzmann-Matano equation by assuming the element 
concentration goes from 0-100% on either side of the interface, and also minimizes the potential 
presence of various intermetallic species. The Ni-Mo-Cr ternary system readily forms 
intermetallics at a number of compositions in the temperature range of interest, posing an issue for 
material selection. Nickel was an obvious choice for one part of the diffusion couple as it is the 
major matrix element in the Ni-Mo-Cr superalloy system. However, molybdenum was ruled out 
as an appropriate solute at this time due to the complexity of its intermetallic systems as established 
in Section 2.6.1. The sheer number of possible intermetallic species could complicate curve-fitting 
for the diffusion couple due to multiple regions of intermetallic stability, which may interfere with 
diffusivity. Therefore, the selection choice fell to chromium due to its more limited intermetallic 
system (only one intermetallic precipitates from this system at the temperature range of interest). 
Furthermore, chromium poses an interesting choice since it has the capacity to form the Ni2Cr 
intermetallic, isomorphous with Ni2(Mo,Cr) seen in Haynes® 242™ , but Ni2Mo is not seen in the 
Ni-Mo binary phase diagram, as shown in Section 2.6.1.  
Bright field microscopy of these specimens revealed overall preservation of the columnar 
microstructure, as shown in Figure 4.23 (a) and (b). However, there was significant 
recrystallization at the interface of the specimens. Additionally, Kirkendall porosity (enhanced by 
FIB during lift-out) is visible, most prominently in the chromium region of the 90-minute sample. 
This porosity arose due to coalescence of vacancies in regions where the vacancies were 
supersaturated [20]. The distinct presence of Kirkendall porosity in the chromium region was 
expected, since the diffusivity of nickel in chromium is anticipated to be lower than the diffusivity 
of chromium in nickel [20,21]. 
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Post-mortem line scans across the Ni-Cr interface allowed for diffusion depth to be 
determined. The variation in relative Ni:Cr concentration was then related to diffusivity via the 
Boltzmann-Matano modification of Fick’s second law of diffusion. The interdiffusion rate 
determined by the Boltzmann-Matano method for these diffusion couples, outlined in Section 4.9, 
was around 10-14-10-15 m2/s. This chromium-in-nickel diffusivity, determined by the Boltzmann-
Matano method, is one-to-two orders of magnitude higher than the interdiffusion rate reported for 
Ni-Cr in a number of investigations, which all reported bulk chromium-in-nickel values of around 
10-16 [22–24]. 
However, further inspection of the diffusivity calculated from the Boltzmann-Matano 
method reveals a crucial issue; the order of magnitude of the diffusivity calculated by this method 
for the sputtered diffusion couples presented here does not demonstrate good agreement with the 
length of the measured diffusion profiles. Specifically, the interdiffusion region is approximately 
200 nm wide for the 30-minute specimen, and about 600 nm wide for the 90-minute specimen. As 
a rudimentary approach, the diffusion length can be calculated per Equation 5.3 𝑥 = 2√𝐷𝑡    Equation 5.3 
Therefore, for the 30-minute specimen, the diffusivity should be on the order of: 
𝐷 =	 KLMM	NOL PLQRSS	, = ~10UQV 	WL,    Equation 5.4 
Using the same method, the 90-minute specimen should also have demonstrated a diffusivity of 
around 10-17 m2/s. These results clearly deviated from the diffusivity calculated from the 
Boltzmann-Matano method, which predicted a diffusivity on the order of 10-14-10-15 m2/s. 
Additionally, the diffusivity calculated based on the diffusion length is actually an order of 
magnitude slower than the other reported Cr in Ni diffusivity values such as those reported by 
Murarka of tracer Cr in Ni at 600°C. It is also slower than the values of around ~10-16 for Ni:(Ni,Cr) 
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diffusion couple systems reported by Garimella et all, although those were carried out at higher 
temperatures [22,24]. 
 Error in the calculation of diffusivity in the diffusion couples may have arose from a few 
sources, and merit further discussion. These errors can be attributed to two major classifications: 
1) Error that arises due to the assumptions inherent to the Boltzmann-Matano method 
2) Error in attributing diffusivity in these diffusion couples as being largely dominated by 
concentration effects. 
Firstly, the Boltzmann-Matano method relies on a few assumptions; first and foremost, this method 
relies on accuracy of calculating the Matano interface, as shown in Equation 2.7. Error in 
calculating the Matano interface results in error that propagates throughout all subsequent 
calculations [25]. Furthermore, calculation of the Matano interface relies on the assumption that 
there is a balance of mass transfer across the interface of the diffusion couple. This assumption 
therefore causes issues in the specific case of the sputtered Ni-Cr diffusion couples, since a mass 
imbalance was clearly evidenced by the presence of significant Kirkendall porosity in the 
chromium side of the diffusion couple. This Kirkendall porosity was particularly evident in the 
90-minute specimen, shown in Figure 4.23(b). The Boltzmann-Matano method also faces 
significant problems as the concentration gradient dc/dx goes to zero on either end of the diffusion 
couple. Since dc/dx approaches zero, its inverse – dx/dc – becomes unbounded, resulting in large, 
uncontrolled errors in calculation of the diffusivity as a function of concentration [26,27].  
 The error in calculating the Matano interface due to the mass imbalance across the film 
interface leads into the second major source of errors in applying the Boltzmann-Matano method 
to the diffusion couple: that diffusion in sputtered diffusion couples may not be largely controlled 
by relative concentration of atomic species. This deviation from behavior that is often observed in 
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bulk diffusion couples can be attributed to phenomena that are specific to the non-equilibrium 
microstructures that are present in the diffusion couples created for this investigation. Such 
properties include the high defect density, the high grain boundary density, and the far-from-
equilibrium microstructure, which all may have exerted larger influences over the diffusion 
behavior than species concentration alone. For example, the melting temperatures (TM) of 
chromium and nickel are 1863°C and 1455°C, respectively, with a eutectic melting point at 
1345°C. While bulk recrystallization did not occur overall, as shown by the retention of the 
columnar grains far from the material interface, the heat treatment of 600°C, – approximately 0.3-
0.44 TM – may have induced local recrystallization effects or grain boundary melting. 
Recrystallization was particularly evident at the interface between nickel and chromium, shown 
by black arrows, on the micrographs in Figure 4.23(a) and (b). Previous investigations into 
diffusivity in both amorphous metallic and nanocrystalline thin films have demonstrated a link 
between structural relaxation and a decrease in the enhanced diffusivity normally attributed to 
nanocrystalline materials [27,28].  
Despite challenges that arise while determining diffusion coefficients in nanocrystalline 
thin film diffusion couples presented here, it is important to emphasize that from the in situ 
evidence presented in section 4.4 and the overall transformation behavior discussed in section 5.6, 
it is evident that the change in precipitation behavior can be explained irrespective of mass 
transport behavior. Instead, the direct transformation of the DOa phase, which has previously been 
associated with overaging in Haynes® 242™  [29], was more closely related to the HCP//FCC 
ordering motifs native to the sputtered film. This conclusion is drawn due to the distinct lack of 
Ni2(Mo,Cr) precipitates observed throughout in situ aging of the sputtered Haynes® 242™  
superalloy. However, the accelerated kinetics may have increased the rate of precipitation of the 
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DOa phase, which was evidenced by discrete superstructure reflections at ¼{420}FCC fundamental 
reflections after only 8 hours at a normal aging temperature. It therefore cannot be assumed that 
this material would have bypassed the metastable Ni2(Mo,Cr) phase if the microstructure were rich 
in point defects and grain boundaries but lacked the planar defects critical for precipitation of the 
HCP-based DOa superstructure. 
While it is concluded that the increased diffusivity in the diffusion couple did not affect 
the aging pathway in the material, it is important to consider how the enhanced kinetics may affect 
the properties of sputtered superalloys overall. One possibility to consider is, if a superalloy 
doesn’t exhibit the same change in precipitation pathway as examined in this thesis as discussed 
in Section 5.6, will it still exhibit early overaging, due to the link between nanocrystallinity and 
increased diffusivity relative to bulk materials [27]? Habitual early overaging is a distinct 
possibility, because the possibility to observe enhanced kinetics in these sputtered materials may 
allow for precipitates to coarsen rapidly compared to the bulk counterparts. Rapid overaging would 
be a topic of concern in applications using sputtered superalloys, because it could dramatically 
limit the lifetime of parts made by this method. The measured impact of the sputtered film on 
diffusivity therefore highlights that it is important to consider the overall impact of accelerated 
kinetics when implementing sputtering techniques in various applications. 
5.10 Summary  
This discussion section highlighted important results that arose from the investigations into 
sputtered superalloys that were carried out through the course of this thesis. It was concluded that 
Haynes® 242™ exhibited a change to its fundamental ordering pathway due to the presence of 
significant HCP-like ordering in the as-deposited DCMS film. However, normal aging behavior 
was recovered by inducing FCC-type recrystallization of the DCMS film via a brief pre-aging, 
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high-temperature anneal. Due to these conclusions, recommendations for control of precipitation 
in DCMS superalloy films were highlighted in Section 5.8.1. 
Investigations on the impact of the high defect density native to DCMS films on diffusivity 
were also carried out. These investigations relied on the Boltzmann-Matano interpretation of 
DCMS diffusion couples fabricated from nickel and chromium, which are elements in the 
Haynes® 242™ superalloy. Diffusion couples fabricated from nickel and chromium were 
determined to have an increased rate of diffusivity of chromium in the nickel matrix relative to 
bulk diffusion using the Boltzmann-Matano method. However, the accuracy of this method for 
sputtered diffusion couples is questionable, and this method did not match diffusivity 
measurements determined using Equation 5.3, which revealed that any increase in diffusivity was 
modest, if even present at all.  
Despite the challenges presented by measuring diffusivity in sputtered materials, the 
increased kinetics of the DCMS superalloy was not implicitly linked to the change in precipitation 
pathway of the superalloy under investigation. This conclusion arose due to the fundamental 
change in ordering behavior of the material, which could not be explained by enhanced diffusivity 
alone. Instead, the material entirely bypassed expected metastable precipitation due to defects 
native to the as-deposited film. However, the enhanced kinetics that were found in DCMS 
materials highlights a concern with material lifetime when considering sputtered superalloys for 
various applications. Both the potential changes to fundamental ordering behavior and enhanced 
kinetics in defect-rich DCMS films are important to consider for the future of sputtered 
superalloys. 
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CHAPTER 6 
CONCLUSIONS 
In this investigation, a sputtering technique common for processing of microelectromechanical 
systems (MEMS) was applied to a superalloy. The primary objective of this work was to examine 
the link between a complex, as-deposited direct current magnetron sputtered (DCMS) 
microstructure and subsequent long-range ordering (LRO). The effect of DCMS on the phase 
transformation pathway specific to the Ni-Mo-Cr superalloy Haynes® 242™ was investigated in-
depth. The major findings are as follows: 
1. The as-deposited microstructure of Haynes® 242™ sputtered onto a cooled substrate 
contains columnar grains that grow parallel to the growth direction with {111} 
crystallographic orientation. These columns contain dense planar faulting on the {111} 
plane, perpendicular to the film growth direction.  
2. The dense planar faulting resulted in a microstructure that was mixed in HCP-like and 
FCC-like close packed motifs, as corroborated by HRSTEM and XRD. 
3. A direct aging heat treatment applied to the as-deposited thin film caused precipitation of 
the HCP-type Ni3Mo-DOa phase. The significant amount of initial HCP-like ordering was 
identified as a key feature that stabilized nucleation and growth of the DOa phase. 
4. A high temperature anneal caused recrystallization of the microstructure, eliminating 
nanotwins and HCP regions, resulting in a more equiaxed crystal structure with only solid 
solution FCC and FCC-type short range ordering.  
5. An aging heat treatment applied to the annealed film caused precipitation of the metastable 
Ni2(Mo,Cr) phase, indicative of a recovery of behavior consistent with that of bulk 
superalloys near Ni-25Mo-8Cr composition. 
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More broadly, this investigation has established that HCP-based superstructures can directly 
precipitate in superalloys near the 3Ni:(Mo,Cr) stoichiometry with a complete absence of prior 
FCC-type metastable phases. The direct HCP-type superstructure transformation demonstrates that 
it is possible to entirely bypass the complex decomposition-to-stacking fault behavior normally 
seen in such alloys. Elimination of the stacking fault formation process is achieved by forming the 
superalloy with a significant concentration of HCP-type crystallinity. DCMS diffusion couples 
indicated that the defect-rich microstructure also increased the kinetics of the material, as measured 
by the Boltzmann-Matano method. Direct measurement of the diffusion profiles, however, 
suggested that there was no impact on the rate of diffusivity. Despite the challenges in determining 
diffusivity in sputtered materials in this investigation, the absence of superstructure reflections 
related to competing FCC-type superstructures indicates that diffusivity did not play a critical role 
in the type of LRO observed. Instead, defect-facilitated diffusivity instigated rapid precipitation, 
but the resulting superstructure was reliant on the already-present HCP regions. 
The unique precipitation pathways uncovered in this investigation underscore the need to better 
understand the correlation between starting microstructure and aging behavior in superalloys. 
While this present work establishes a close link between HCP solid solution and HCP 
superstructures in the Haynes® 242™ superalloy, it raises additional questions that merit further 
investigation. Future research avenues may address the following questions, and some guiding 
suggestions are proposed from the insight provided by this present work: 
1. Which other superalloys also exhibit HCP-type ordering based off of the HCP lattice that 
can arise from sputtering? 
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Other investigations have shown that Inconel 718 also precipitates anomalously high amounts of 
the DOa-type Ni3Mo superstructure. It is likely that many other superalloys near 3Ni:Mo 
stoichiometry will express the same behavior.  
2. Are there as-yet undiscovered HCP-based precipitates that are normally inhibited by the 
starting crystal lattice in FCC-only superalloys? 
To begin, what stoichiometries should be investigated to address this question? An initial guess 
would suggest that – due to the marked stability of HCP-type Ni3Mo – the composition of the alloy 
must be far from the 3Ni:Mo stoichiometry. There may be, for example, an HCP variant of the 
Ni2(Mo,Cr) or Ni4Mo superstructures, just like DOa and DO22 are HCP and FCC variants of 
Ni3Mo, respectively. Therefore, initial alloys to examine for possible HCP superstructure variants 
may be close to the 2Ni:Mo or 4Ni:Mo stoichiometries.  
3. What methods may be used to poison solid solution HCP ordering when HCP 
superstructures are undesirable? 
While this investigation showed that annealing can cause a mixed FCC/HCP superalloy to recover 
a nominally FCC structure, the question remains whether other approaches can prevent HCP solid 
solution from occurring at all. Methods to inhibit HCP-like ordering may include selection of 
alloys with higher stacking fault energies, changing the sputtering parameters, or heat treating the 
substrate. Heat treatments must be applied with caution, however, since a precipitation-
strengthened superalloy with a high defect density may begin to nucleate and grow long-range 
ordered domains under application of only modest heat.  
The breadth of these questions establishes that while considerable progress has been made 
in the understanding of a sputtered superalloys with mixed FCC and HCP domains, there is much 
that is yet unknown. For now, a conclusive correlation can be drawn between starting 
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microstructure and the subsequent nucleation and growth of coherent, long-range ordered 
precipitates. The future of superalloys for MEMS and other applications that require highly 
specialized processing techniques will depend on rigorous scrutiny and control of the 
microstructure from the moment it is formed to the end of its service life time.  
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APPENDIX A 
TERMINOLOGY 
DCMS – direct current magnetron sputtering 
DO22 – an FCC-based Ni3Mo superstructure 
DOa – an HCP-based Ni3Mo superstructure 
FCC – Face-centered cubic 
HCP – hexagonal close-packed 
HRSTEM – high resolution scanning transmission electron microscopy 
LRO – Long-range ordering 
Ni2(Mo,Cr) – an FCC-based superstructure isomorphous with Pt2Mo 
SRO – Short-range ordering 
TEM – transmission electron microscopy 
XRD – x-ray diffraction 
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APPENDIX B 
BOLTZMANN-MATANO CODE 
 
Determination of Sigmoid Function 
 
import numpy as np 
from scipy.optimize import leastsq 
 
 
def inverse_sigmoid(y, l, k, r, cR=1, cL=0): 
    # l is x0 elsewhere, and r is j elsewhere... changed here for... reasons... 
    t = abs(cR-cL) 
    m = min(cR, cL) 
 
    x = (-np.log((t/(y - m) - 1)/r)/k)+l 
 
    assert abs(sigmoid(x,l,k,r,cR,cL) - y) < abs(y) * 0.00001 
 
    return x 
 
 
def sigmoid(x, x0, k, j, cR=1, cL=0): 
    """ 
    This function will create a sigmoid fit for data presented as molar fraction vs 
distance (assumed in nm for subsequent 
    Boltzmann-Matano calculation) from an EDS line scan or other measurement 
    NB: This ONLY works for data with concentrations ranging all-the-way from 100 to 0 
Wt.%  If your data does 
      not fit this, you need to change the '1' value found below to whatever range of 
molar fraction your data covers 
      and add a fixed value to the end of the equation of your minimum molar fraction. 
      For example, if your starting diffusion couple was 75Ni-25Cr and 25Ni-75Cr on 
the left and right side, the sigmoid 
      function would appear as 'y = 0.5 / (1 + j*np.exp(-k*(x-x0))) + 0.25' where .5 
is (.75-.25) and .25 is the minimum. 
 
    """ 
    y = abs(cR - cL) / (1 + j*np.exp(-k*(x-x0))) + min(cR,cL) 
    return y 
 
 
def load_data_from_csv(filepath): 
    from csv import reader 
    xdata = [] 
    ydata = [] 
    with open(filepath,'r') as csvfile: 
        DC = reader(csvfile) 
        DC.next() 
 
        for row in DC: 
            if row[0] == '': 
                continue 
            xdata.append(float(row[0])) 
            ydata.append(float(row[2])) 
    return (xdata,ydata) 
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def save_data_to_csv(file_path, concentrations, diffusivity_values, matano_interface, 
p, cR, cL, graph_fit_value): 
    save_file = open(file_path, 'w+') 
    t = cR - cL 
    m = min(cR, cL) 
    header = "Concentration (molar percent), Diffusivity(m^2/s), Matano Interface=%.4g 
Sigmoid Function: f(x) = " \ 
             "(%.4g) / (1 + (%.4g) * e^(-(%.4g)*(x-(%.4g)))) + %.4g R^2 Fit: %.4g" 
%(matano_interface, t, p[2], 
                                                                                     
p[1], p[0], m, graph_fit_value) 
    save_file.write(header + "\n") 
    for concentration, diffusivity_value in zip(concentrations, diffusivity_values): 
        save_file.write(str(concentration) + ", " + str(diffusivity_value) + "\n") 
    save_file.close() 
 
 
def getBestGuess(xdata, ydata, p_guess, cR=1, cL=0): 
    #fix x_0 
    residuals = lambda x_0, x, y: y - sigmoid(x, x_0, p_guess[1], p_guess[2], cR=cR, 
cL=cL) 
    x_0, _, _, _, _ = leastsq( 
        residuals,p_guess[0],args=(xdata,ydata),full_output=1) 
    residuals = lambda k, x, y: y - sigmoid(x, x_0, k, p_guess[2], cR=cR, cL=cL) 
    k, _, _, _, _ = leastsq( 
        residuals, p_guess[1], args=(xdata, ydata), full_output=1) 
    residuals = lambda j, x, y: y - sigmoid(x, x_0, k, j, cR=cR, cL=cL) 
    j, _, _, _, _ = leastsq( 
        residuals, p_guess[2], args=(xdata, ydata), full_output=1) 
    return (x_0, k, j) 
 
 
def fit_sigmoid(xdata, ydata, verbose=True, cR=1, cL=0): 
    p_init=(0, 0, 0) #Initial guess 
    p_guess = getBestGuess(xdata,ydata,p_init) 
    residuals = lambda p, x, y: y - sigmoid(x, *p, cR=cR, cL=cL) 
    p, cov, infodict, mesg, ier = leastsq( 
        residuals,p_guess,args=(xdata,ydata),full_output=1) 
 
    # popt = np.array([0.0, -0.05, 3*10**-9]) 
    residuals_vals = ydata- sigmoid(xdata, *p) 
    ss_res = np.sum(residuals_vals**2) 
    ss_tot = np.sum((ydata-np.mean(ydata))**2) 
    R2_fit = 1 - (ss_res / ss_tot) 
    if verbose: 
        T = cR - cL 
        bot = min(cR, cL) 
        print "Sigmoid Function: f(x) = (%.4g) / (1 + (%.4g) * e^(-(%.4g)*(x-(%.4g)))) 
+ %.4g" %(T, p[2], p[1], p[0], bot) 
        print "R^2 fit: ", R2_fit 
    return p, R2_fit 
 
 
def graph(xdata, ydata, p, cR=1, cL=0): 
    x = np.linspace(min(xdata)-1,max(xdata)+1, 2*len(xdata)) 
    y = np.array([sigmoid(x_elem, *p, cR=cR, cL=cL) for x_elem in x]) 
    print [pair for pair in zip(x,y)] 
    z = np.array([inverse_sigmoid(y_elem, *p, cR=cR, cL=cL) for y_elem in y]) 
 
 
    import pylab 
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    xdata = np.array(xdata) 
    ydata = np.array(ydata) 
    pylab.plot(xdata, ydata, 'o', label='data') 
    pylab.plot(x,y, label='fit', linewidth=2.0) 
    pylab.ylim(0, 1) 
    pylab.xlim(0,max(x) + 1) 
    pylab.legend(loc='best') 
    pylab.xlabel('Distance (nm)') 
    pylab.ylabel('Concentration (Molar Fraction)') 
    pylab.title('Sigmoid Curve Data Fit') 
    pylab.show() 
 
Boltzmann-Matano: 
 
import scipy 
from Sigmoid_function import * 
 
# import sys 
from scipy import integrate 
from scipy import misc 
# import math 
# from pynverse import inversefunc 
 
#Boltzmann-Matano Evaluation 
 
def integral(x,cL,c_star,cR,x_m=None): 
    if not x_m: 
        x_m = Matano_plane(x,cL,cR) 
    x_mModified = lambda c: x(c) - x_m 
    integ = scipy.integrate.quad(x_mModified, cL, c_star)[0] 
    return integ 
 
def derivative(c,x,c_star): 
    x_val = x(c_star) 
    return scipy.misc.derivative(c,x_val) 
 
 
def BM(t,x,c,c_star,cL=0.0, cR=1.0, x_m=None): 
 
    #convert input distance to meters 
    #'meter' assumes that your initial measurement was in nm. for microns, change to 
1.0/10**6; for mm change to 1.0/10**3; etc 
    meter=1.0/10**9 
 
    if derivative(c,x,c_star) == 0: 
        return -1/(2*t)*integral(x,cL,c_star,cR)*meter**2 * 10**10 
    return (-1/(2*t))*integral(x,cL,c_star,cR, 
x_m=x_m)*meter**2/(derivative(c,x,c_star)) 
 
def Matano_plane(x_func,cL=0.0,cR=1.0): 
    return scipy.integrate.quad(x_func,cL,cR)[0] 
 
 
def get_DC_series(t, filepath=None, xdata=None, ydata=None, graph_sigmoid=True, 
verbose=True,cR=0.0, cL=1.0): 
    if not ((xdata and ydata) or filepath): 
        raise SyntaxError("Must Pass Either Xdata and Ydata or a Filepath to a CSV.") 
    if filepath: 
        xdata, ydata = load_data_from_csv(filepath) 
    p, R2_fit = fit_sigmoid(xdata, ydata, verbose=verbose) 
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    c_func = lambda x: sigmoid(x, *p, cR=cR, cL=cL) 
    x_func = lambda x: inverse_sigmoid(x, *p, cR=cR, cL=cL) 
    MatanoPlane = Matano_plane(x_func) 
    DC_series = [BM(t, x_func, c_func, yval, x_m=MatanoPlane) for yval in ydata] 
    if graph_sigmoid: 
        graph(xdata,ydata,p) 
 
    MatanoPlaneConcentration = c_func(MatanoPlane) 
    return DC_series, xdata, ydata, MatanoPlane, MatanoPlaneConcentration, p, R2_fit 
 
def graph_BM(ydata, DC_series, MatanoPlaneConcentration, save_file_path=None, 
fit_params=None, R2_fit=0.0, cR=0.0, cL=0.0): 
    import numpy 
    from matplotlib import pyplot 
    mean_val = numpy.mean(DC_series) 
    std_val = numpy.std(DC_series) 
    outlier_indices = [] 
    for indx, val in enumerate(DC_series): 
        if abs(val - mean_val) > 2*std_val: 
            outlier_indices.append(indx) 
    DC_series_to_graph = list(DC_series) 
    outlier_indices.sort() 
    outlier_indices.reverse() 
    for indx in outlier_indices: 
        del(DC_series_to_graph[indx]) 
        del(ydata[indx]) 
 
    # # Remove outliers to fix graph range 
    # deltas = [] 
    # for index in xrange(len(DC_series)-1): 
    #     deltas.append(abs(DC_series[index+1] - DC_series[index])) 
    # mean_delta = numpy.mean(deltas) 
    # std_delta = numpy.std(deltas) 
    # indices_to_remove = [] 
    # for index in xrange(len(deltas)): 
    #     if deltas[index]>(mean_delta + 3*std_delta): 
    #         if index ==0: 
    #             indices_to_remove.append(index) 
    #         elif len(deltas)==index+1: 
    #             indices_to_remove.append(index+1) 
    #         elif deltas[index+1]>(mean_delta + 3*std_delta): 
    #             indices_to_remove.append(index + 1) 
    # indices_to_remove.sort() 
    # indices_to_remove.reverse() 
    # for index in indices_to_remove: 
    #     del(DC_series[index]) 
    #     del(ydata[index]) 
 
    ydata = np.array(ydata) 
    DC_series_to_graph = np.array(DC_series_to_graph) 
 
    fig = pyplot.figure() 
    ax = fig.add_subplot(1,1,1) 
    # ax.semilogy(ydata, DC_series_to_graph, 'o', label='Boltzman-Matano') 
    ax.plot(ydata, DC_series_to_graph, 'o', label='Boltzman-Matano') 
    # ax.set_yscale('log') 
    # pyplot.plot(ydata, DC_series_to_graph, 'o', label='Boltzman-Matano') 
    # pylab.ylim(min(DC_series_to_graph), max(DC_series_to_graph)) 
    # pyplot.yscale('log') 
    pyplot.xlim(0, 1) 
    pyplot.ylim(min(DC_series_to_graph), max(DC_series_to_graph)) 
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    pyplot.axvline(x=MatanoPlaneConcentration) 
    pyplot.legend(loc='best') 
    pyplot.xlabel('Cr Molar Fraction') 
    pyplot.ylabel('Diffusivity (m^2/s)') 
    pyplot.title('Boltzman-Matano Diffusivity of Cr') 
    pyplot.show() 
 
    if save_file_path: 
        all_found = True 
        if not MatanoPlaneConcentration: 
            print "Must pass the Matano Plane Concentration to save the output file." 
            all_found = False 
        if not all(fit_params): 
            print "Must pass the Fit Parameters (p) to save the output file." 
            all_found = False 
        if not R2_fit: 
            print "Must pass the Trend Fit Value (R2_fit) to save the output file." 
            all_found = False 
        if not all_found: 
            raise SyntaxError 
 
        save_data_to_csv(save_file_path, ydata, DC_series_to_graph, 
MatanoPlaneConcentration, fit_params, cR, cL, R2_fit) 
 
 
if __name__ == "__main__": 
    infile_folder = "/Users/meganemigh/Box Sync/TEM memigh/Diffusion 
couples/2018.05.08 ni on cr with pralav/" 
    infile_name = "30min600Cline3molarfrac.csv" 
    number_of_seconds = 1800 
    import re 
    mins = re.findall(r"^[0-9]*min", infile_name) 
    if len(mins)>0: 
        number_of_seconds = 60 * int(mins[0].strip('min')) 
    DC_series, xdata, ydata, _, MatanoPlaneConcentration, p, R2_fit = 
get_DC_series(number_of_seconds, filepath=infile_folder + infile_name, 
graph_sigmoid=True) 
    outfile_folder = "/Users/meganemigh/Box Sync/TEM memigh/Diffusion 
couples/2018.05.08 ni on cr with pralav/Boltzmann Matano Results/" 
    outfile_name = "BMData"+infile_name 
    graph_BM(ydata, DC_series, MatanoPlaneConcentration, save_file_path=outfile_folder 
+ outfile_name, fit_params=p, R2_fit=R2_fit) 
 
